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SiC  fibers  MCALON,  produced  by  NIPPON  CARBON  CO.,  LTD.,  has  been  placed  a  high 
value  on  excellent  properties  as  a  heat  resistant  material  and  reinforcements  for  polymer  matrix 
composites,  metal  matrix  composites  and  ceramic  matrix  composites.  NICALON  has  growing 
uses  as  an  advanced  material. 

MCALON  has  materialized  one  of  my  fundamental  ideologies  for  ,  jlogy.  that  is.  "from 
Organic  to  Inorganic". 

Fig.l  shows  the  fabrication  process  on  NICALON. 

NICALON  has  been  made  from  dimethyldichlorosilane  of  a  mw  material  for  silicone  resin. 
Dimethyldichlorosilane  has  been  changed  to  polydimeihylsilane  and  then  synthesized 
polycarbosilane  having  basic  Si-C  skeleton  of  an  organic  silicone  compound.  Poh  carbosilane  has 
been  spun,  cured  and  p>ToIized.  SiC  fibers  "NICALON"  has  ben  fabricated  by  processing  above. 

The  fundamental  technology  has  been  invented  by  Prof.  S.  Yajima  et  al.  in  1975.  We,  NTPPON 
CARBON,  have  made  the  contract  on  the  patent  license  immediately  and  started  to 
industrialization  based  on  m>'  decision  making,  because  the  SiC  fibers  have  fitted  to  m\’  ideolog)’. 

In  case  of  industrialization,  the  most  difficulty  was  in  spinning  and  curing  for  polycarbosilane 
of  die  precursor.  Polycarbosilane  is  belonged  to  oligomer  having  1 .000  ~  2,000  in  mean  molecular 
weight,  against  raw  materials  of  synthetic  fibers  such  as  polymers  of  Nylon  and  polyester  etc. 
having  40,000  ~  50,000  in  mean  molecular  weight.  Consequently,  spun  fiber  had  very  low  tensile 
strength  of  5  MPa  and  broke  easily  at  a  touch  with  the  hand.  Long  fiber  could  not  obtain  by  the 
heat  treatment  system  of  carbon  fiber  and  Prof  S.  Yajima  also  obtained  only  single  filament 
having  less  than  1  m  in  length. 

NIPPON  CARBON  has  developed  the  new  method  without  a  touch  on  spinning,  drawing  out, 
curing  and  pyrolizing  for  the  oligomer. 

In  addition,  we  have  established  the  know-how  for  below -mentioned  and  developed  the 
industrial  technology  on  mass-production  for  high-performance  continuous  fibers  having  more 
than  1.000m  in  length. 

®  Designs  on  optimum  quality  for  polycarbosilane  and  fabrication  condition; 

'T;  Technologies  on  spinning,  draw-ing  out,  handling  for  the  brittle  green  fiber; 

Technologies  on  heat-treatment  and  surface  treatment  for  the  brittle  green  fiber. 


Thus,  the  fibers  made  from  the  oligomer,  have  been  commercialized  first  in  the  world.  At 
present,  NICALON  has  been  fabricated  by  the  facility  having  capability  of  1  ton  per  month. 

Table  1  shows  the  properties  of  commercialized  NICALON  now. 

We  have  researched  and  developed  also  on  various  composites  using  NICALON  in  parallel 
with  improving  on  NICALON. 

Polymer  matrix  composite(PMC)  has  been  developed  on  the  micro  wave  absorber  and  the 
transmitter  having  light  weight  and  high  tensile  strength(NICALON7epoxy  resin  composite). 

Metal  matrix  compx)site(MMC)  has  been  developed  on  the  composite  wire  using  NICALON  as 
the  reinforcement  and  aluminum  as  the  matrix(NlCALON7Al  composite  wire). 

Ceramic  matrix  composite(CMC)  has  been  developed  on  the  composite,  called 
"NTCALOCERAM™",  using  NICALON  and  SiC  made  from  polycarbosilane  by  polymer 
impregnation  pvTolysis  method(NlCALON7SiC  composite).  NlC.ALOCERANf^’  has  been  put  to 
practical  use  on  rollers  working  in  molten  zinc  for  galvanized  sheet  iron.  Ceramic  matri.x 
composite  reinforced  w  ith  NICALON  has  higher  fracture  toughness  as  compared  to  monolithic 
ceramics.  The  higher  facture  toughness  has  been  verified  on  both  NlCALON/glass  ceramic 
composite  and  NICALON7SiC(CVI)  composite  which  are  expected  the  practical  use  for  light 
weight  and  heat  resistant  structural  material  at  more  than  1,100'C,  because  even  super  heat 
resistant  alloy  is  useless  at  that  temperature. 

In  addition,  we  have  developed  and  commercialized  NICALON  fiber  coated  with  carbon  (NX- 
607)  for  CMC.  NX-607  has  been  placed  a  high  value  on  excellent  effectiveness  as  a  reinforcement. 

NICALON  has  excellent  properties,  especially  heat  resistance  of  maximum  working 
temperature  at  1,200°C.  however  the  heat  resistance  has  not  satisfied  still  the  demands  from 
materials  for  an  advanced  airframe,  an  advanced  engine  and  an  advanced  gas  turbine. 

NICALON  has  been  consisted  of  Si-C-0  ternary  compound  and  contained  1 -wt.  of  oxygen. 
Oxygen  in  the  fibers  decompose  and  remove  w  ith  form  of  CO  gas  at  more  than  1 . 300 'C  and  tensile 
strength  of  the  fibers  decrease. 

We  have  developed  the  new  curing  process  using  an  electron  beam  irradiation  in  an  oxygen- 
free  atmosphere,  jointly  w'ith  Japan  Atomic  Energy  Research  Institute,  for  improving  the  heat 
resistance.  Consequently,  we  have  developed  the  SiC  fibers  "Hl-NICALO.N"  containing  O.Sfc-wi. 
of  reduced  oxygen  content  (refer  to  Fig.l  for  the  fabrication  proces  of  SiC  fibers). 

Table  2  shows  t>pical  properties  of  HI-NICALON  having  low'  oxygen  content.  Hl-NIC.ALON 
has  same  tesile  strength  and  higher  tensile  modulus  as  compared  to  customary  NICALON. 
HI-NICALON  keeps  more  than  2  GPa  in  tensile  strength  after  1 0  hours  exposure  at  1 ,500'C  in 
argon  atmosphere,  however  customary  .NICALO.N  decreases  sharply  tensile  .strength  after  same 
heat  treatment.  Hl-NlCALO.N  keeps  still  more  fibrous  form  and  flexibility  after  1  hour  exposure  at 
2.000°C  in  argon  atmosphere.  Thus,  HI-NICALON  has  excellent  heat  resistance  highly  w  hich 
customary  NICALO.N  could  not  realize.  Hl-NICALO.N/SiC  composite  (.NlC.A.ROCER.A.\f '7  has 
excellent  heat  resistance  highly,  because  the  composite  has  BOOMPa  in  flexural  strength  after  1 


hour  heat  treatment  ai  ^OO'C  in  air.  This  also  shows  Hl-NICALON  has  excellent  compaubility 
with  ceramic  matrix. 

At  present,  industrialization  for  Hl-NICALON  has  been  promoted  and  we  plan  to  make 
mass-production  and  place  on  sale  starting  1995. 

We  expect  that  Hl-NICALON  w’ill  contribute  to  early  developing  for  space  plane,  high 
temperature  gas  turbine  and  nuclear  fusion  reactor  etc.,  based  on  increased  heat  resistance  of 
materials  using  Hl-NICALON  for  high  temperature. 
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_ i _ 
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Spinning 
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Fig.  1  FABRICATION  PROCESS  OF  SiC  FIBERS 
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Table  1  Typical  properties  and  applications  of  NICALON 


Ceramic  Grade 

NL-200 

HVR  Grade 
NL-400 

Grade 
NL— 500 

Carbon  Coareo 
NL-6C7 

Diameter 

(yrmi 

14/12 

14 

14 

14 

Numbers  of  filame" 

!s  (fil./yarn) 

250/500 

250,'50C' 

500 

50C 

Ter 

(g/1 000ml 

105/210 

1 1 0/220 

210 

210 

’’f  ■  3  'e  st'e'grh 

(MPa) 

3000 

2800 

3000 

300C 

Tens  modulus 

(GPal 

200 

180 

220 

220 

Elongation 

(Aoi 

1  4 

1  6 

1.4 

1.4 

Density 

(kg  ''m3) 

2550 

2300 

2500 

255C 

Specific  resistivity 

(ohm-cm) 

103-1CH 

106-10’ 

0.5-5  0 

C6 

Co-etficient  of  thermal  expansion 

(10-6.'K:i 

3.1 

— 

— 

3  ^ 

Soec'fic  heat 

iJ'lKg-Kii 

1140 

— 

— 

114C 

Tne'ma!  cc'ductmt 

y  (W  im-Kii 

12 

— 

— 

1  £. 

Dieiect-ic  constant 

lat  10  GHz' 

9 

6  5 

20-30 

— 

Applications 

Heat  resistant  materials 

PMC 

PMC 

CMC 

PMC  MMC,  CMC 

(Preliminary  Data) 

Table  2  Typical  Properties  of  the  Low  Oxygen  SiC  Fiber  "HI-NICALON'’ 


NICALCM  i 
Ceramic  Grade ' 


Fo.  diameter 

(//m) 

14 

(14) 

Numbers  of  filaments 

(fil./yarn) 

500 

(500) 

Tex 

(g/1 000m) 

200 

(210) 

Tensile  strength 

(GPa) 

2.8 

(3.0) 

Tensile  modulus 

(GPai 

270 

(220) 

Elongation 

(%) 

1.0 

(1.4) 

Density 

(kg/m3) 

2,740 

(2,550) 

Specific  resistivity 

(ohm-cm) 

1 .4 

o 

T 

o 

Chemical  composition 

(wT.  %)  Si 

63.7 

(58) 

C 

35.8 

(30) 

0 

0.5 

(12) 

Ji 
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FINE  DIAMETER  POLYCRYSTALLINE  SIC  FIBERS 

J.  Lipowilz,  T.  Barnard,  D.  Bujalski,  J.  Rabe,  G.  Zank 
Dow  Corning  Corporation 
Midland,  Ml  48686 
U.S.A. 


A.  Zangvil,  Y.  Xu 
Materials  Research  Laboratory 
University  of  Illinois 
Urbana,  IL  61 iOl 
U.S.A. 


Introduction 

Sr.all  diameter  ceramic  fibers,  which  are  sufficiently  flexible  to  permit  weaving 
and  knitting,  provide  many  desirable  properties  for  use  in  cont inucus-f iber 
ceramic  matrix  compo':ites  (CMC)  intended  for  high  temperature  performance  in 
oxidative  and  inert  atmospheres  (1).  Such  fibers  are  also  useful  in  plastic  and 
metal  matrix  composites.  The  fine  diameter,  non-oxide  ceramic  fibers  have 
generally  been  prepared  by  polymer  precursor  routes.  Products  which  have  reached 
commercial  status  include  NICALON"”  ceramic  fiber  (2)  a  Si-C-0  composition  from 
Nippon  Carbon  Company,  Japan;  Tyranno  ceramii  fiber  (3),  a  Si-C-O-Ti  composition 
from  Ube  Industries,  Ltd.,  Japan;  and  HPJ  i  ramie  fiber  (4),  a  Si-N-C-0 
composition  from  Dow  Corning  Corporation,  USA.  Typical  properties  for  these 
fibers  are  shown  in  Table  1.  The  continuous  phase  in  these  fibers,  which 
controls  mechanical  properties,  is  amorphous  (5).  NICALON  and  Tyranno  fiber 
contains  £-SiC  crystallites  dispersed  in  the  amorphous  phase.  The  elastic  moduli 
are  considerably  lower  '  han  the  fully  dense  pol ycrys t a  1 1  me  values  of  315  CPa  for 
S13N..  and  460  GPa  for  SiC.  The  fibers  are  thermochemi cal ly  metastable  and  undergo 
gas  loss  (CO,  some  SiO,  and  N2,  if  present)  and  crystallization  at  '1300’C 
(NICALON  and  Tyranno  ceramic  fiber)  or  -1450’C  (HPZ  fiber)  in  inert  atmospheres. 
These  fibers  are  useful  up  to  1200'C  in  oxidative  atmospheres. 

A  crystalline  SiC  fiber  is  desired  for  high  temperature  CMC  use  because  modulus, 
oxidation  resistance  and  thermal  stability  would  be  improved  compared  to  the 
primarily  amorphous  fibers.  Furthermore,  a  SiC  fiber  would  display  desirable 
creep  resistance  and  high  thermal  conductivity  as  found  for  SiC  in  bulk  form. 

Process 

Polymer-derived  ceramic  fibers  which  contain  sufficient  excess  carbon  will 
convert  to  polycrystal  1  me  SiC  on  heating  at  '1400'C  or  above  in  an  inert 
atmosphere.  Oxygen  m  these  fibers  is  lost  mainly  as  CO  (some  SiO  may  be  lost) 
and  nitrogen  (if  present)  is  lost  as  N2,  shown  schematically  m  Equations  1 
and  2. 


SiC/4,  - >  FiC  +  CO  (+S1O)  (1) 

heat 

SiC30J4  - >  SiC  +  CO  (+SiO)+N2  (2) 


heat 


On  loss  of  those  gases  (thermal  decomposition),  a  coarse  granular  SiC  containing 
large  voids  between  the  grains  is  formed  and  no  tensile  strength  is  retained, 
figure  la  shows  a  high  temperature,  thermally  decomposed  SiC  fiber  which  had 
contained  4  wt%  oxygen  after  pyrolysis  to  1200'C.  A  similar  fiber,  which 
contained  several  wt%  boron  distributed  throughout  the  fiber,  undergoes  loss  of 
pyrolysis  gases  and  crystallization  to  a  dense,  polycrys tal 1  me ,  smooch  skinned 
fiber  as  shown  in  Figure  lb.  These  fibers  retain  their  tensile  strength  after 
conversion  from  a  Si-C-0  composition  to  a  polycrystalline  SiC  composition. 

Polycrystalline  SiC  fibers  have  been  prepared  from  po lycarbos i lane  (6),  poly- 
siloxane  (7)  and  polysilazane  (8)  polymer  precursors.  Polymers  were  synthesized 
to  contain  sufficient  carbon  to  react  with  the  silicon  after  high  temperature 
..OSS  of  oxygen  (as  CO)  and  nitrogen  (if  present).  Pyrolysis  was  generally 
performed  in  argon  to  a  temperature  above  160U‘C. 

The  best  fiber  properties  have  been  obtained  using  the  polycarbosi lane  precursor. 
Po 1 ycarbos i lane  was  melt-spun,  oxidatively  cured  with  NO2  (9),  doped  with  BCI3 
gas,  and  pyrolyzed  to  >1600*C  in  argon.  Stoichiometric  SiC  fibers  or  fibers 
containing  an  excess  of  carbon  (up  to  -15  wtZ)  can  be  prepared  from  poly¬ 
carbosi  lane  by  control  of  the  level  of  oxygen  introduced  during  the  cure  process. 
Po lycarbos 1 1 ane  without  oxygen  pyrolyzes  to  SiC  containing  -15  wtZ  excess  carbon. 

Properties  and  Structure 

The  microstructure  of  the  SiC  ceramic  fiber  formed  from  all  of  the  polymeric 
precursors  is  very  similar.  X-ray  diffraction  shows  a  typical  /3“SiC  pattern 
having  an  average  crystallite  size  of  30-40  nm  by  line  broadening  measurements 
of  the  (111)  diffraction  peak.  Up  to  several  Z  of  a-SiC  structure  is  present  and 
in  some  cases  graphitic-like  carbon  was  detected  by  a  weak  (0002)  diffraction 
peak . 

A  SEM  image  of  a  high  strength  SiC  fiber  prepared  from  polycarbosi lane  is  shown 
in  Figure  2.  Properties  of  SiC  fibers  prepared  from  polycarbos i lane  are  listed 
in  Table  2  and  are  as  expected  for  a  polycrystalline  SiC  fiber.  The  elastic 
modulus  is  approximately  twice  that  obtained  for  the  polymer-derived  fibers  shown 
in  Table  1.  Elastic  modulus  is  reduced  markedly  by  the  presence  of  excess 
carbon,  from  -450  GPa  for  stoichiometric  SiC  to  -300  GPa  for  fiber  containing  -10 
WtZ  excess  carbon.  Density  is  >97Z  theoretical  for  the  stoichiometric  SiC  fiber. 
Fractography  shows  that  weaker  fibers  generally  fracture  in  tension  at  internal 
flaws  or  at  kink  sites. 

Fiber  retained  87Z  of  the  initial  room  temperature  strength  after  exposure  to 
argon  at  1800’C  for  12  hours.  Strength  retention  after  1370'C  exposure  to  air 
for  12  hours  depends  on  the  excess  carbon  content.  Fiber  which  contained  excess 
carbon  retained  only  35Z  of  initial  strength.  Final  strength  after  exposure  was 
0.6  GPa.  SEM  examination  showed  a  ring  of  voids  formed  at  the  silica-fiber 
interface  after  oxidation.  These  -I  urn  diameter  voids  at  the  boundary  of  the  -1 
urn  thick  silica  layer  appear  to  be  the  critical  flaws  which  reduced  strength. 
The  stoichiometric  SiC  fiber  retained  66Z  of  initial  strength  after  the  same  air 
exposure;  final  strength  was  1.6  GPa.  SEM  imaging  showed  a  - 1  am  thick  silica 
layer  with  no  voids  present.  Fractography  showed  tensile  failure  at  regions  of 
th.ck,  bulbous  silica  growth. 


Structure  of  the  SiC  fibers  is  described  in  Table  3.  A  thin  (-50  nm)  carbon-rich 
surface  layer  is  seen  on  all  fibers  by  scanning  Auger  depth  profiling.  The 
carbon-rich  layer  is  believed  to  be  formed  by  evaporation  of  silicon  from  the 
surface  region  during  the  pyrolysis  process.  By  TEM  techniques,  the  fiber 
interior  contains  6-SiC  crystallites  with  numerous  stacking  faults.  Small  area 
electron  diffraction  (SAD)  analysis  shows  twinning  and  stacking  faults  as  is 
often  found  in  d~SiC  crystallites.  Beneath  the  carbon-rich  surface,  fiber 
containing  excess  carbon  has  a  1-2  pm  layer  of  equiaxed  B~SiC  crystallites  of 
-0.5  nm  size.  The  interior  consists  of  -0.1  pm  and  smaller  0-SiC  crystallites 
in  a  graphi t i c-1 ike  continuous  phase. 

We  are  currently  working  to  obtain  continuous  fiber  in  multifilament  tow  form. 


We  gratefully  acknowledge  the  support  and  encouragement  of  the  NASA-Leuis 
Research  Center. 


1.  Fiber-Reinforced  Ceramic  Composites;  Materials,  Processing,  and 

Technology.  Edited  by  K.  S.  Mazdiyasni,  Noyes  Publications,  Park  Ridge, 
N.J.,  1990. 

2.  A.  R.  Bunsell,  G.  Simon,  Y.  Abe  and  M.  Akiyama,  "Ceramic  Fibers".  Compos. 
Mater.  Ser.  (Fiber  Reinf.  Compos.  Mater.),  2  IChapt.  9l,  446-78  (1988). 

3.  T.  Yamamura,  T.  Ishikawa,  M.  Shibuya,  T.  Hisayuki  and  K.  Okamura, 

"Development  of  a  New  Continuous  Silicon-Titanium-Carbon-Oxygen  Fiber 
Using  an  Organometal lie  Polymer  Precursor",  J.  Mater.  Sci.,  22,  2589-94 
(1988). 

4.  G.  E.  LeGrow,  T.  F.  Lim,  J.  Lipowitz  and  R.  S.  Reaoch,  "Ceramics  from 

Hydr idopolys 1 lazane" ,  Am.  Ceram.  Soc.  Bull.,  363-67  (1987). 

5.  L.  C.  Sawyer,  M.  Jamieson,  D.  Brikowski ,  M,  I.  Haider  and  R.  T.  Chen, 

"Strength,  Structure,  and  Fracture  Properties  of  Ceramic  Fibers  Produced 
from  Polymeric  Precursors:  1,  Base-Line  Studies",  J.  Am.  Ceram.  Soc.,  70 . 
798-810  (1987). 

6.  D.  C.  DeLeeuw,  J.  Lipowitz  and  P.  P.  Lu,  "Preparation  of  Substantially 

Polycrystalline  Silicon  Carbide  Fibers  form  Po lycarbos i lane" ,  U.S.  Patent 
5,071,600  (1991). 

7.  W.  H.  Atwell,  D.  R.  Bujalski,  E.  J.  Joffre,  G.  E.  LeGrow,  J.  Lipowitz  and 
J.  A.  Rabe,  "Preparation  of  Substantially  Polycrystalline  Silicon  Carbide 
Fibers  from  Po lyorganos i loxanes" ,  European  Patent  Appl .  0435065A1  (1991). 

8.  Unpublished  data. 

9.  J.  A.  Rabe,  J.  Lipowitz  and  P.  P.  Lu,  "Curing  Preceramic  Polymers  by 
Exposure  to  Nitrogen  Dioxide",  U.S.  Patent  5,051,215  (1991). 


s 


Table  2.  Properties  of  SiC  Fiber  Prepared  from  Polycarbos i lane 

Average  tensile  strength  up  to  2.6  GPa  at  25  mm  gauge  length. 

Elastic  modulus  up  to  450  GPa. 

Fiber  diameter  8-9  am. 

Density  to  >3100  kg/m^  (>97%  theoretical). 

Critical  stress  concentration  factor  (Kj;.)  -3  MPa  based  on 

strength/f law  size  relationship. 

Coefficient  of  thermal  expansion  5.1  ppm/K  (300-1600  K). 

Fiber  length  slOO  mm. 

87%  strength  retention  after  1800*  C/ 12  hours  aging  in  argon;  no 
microstructural  change  after  aging. 

66%  strength  retention  after  1370'C/12  hour  aging  in  air. 


Table  3.  Structure  of  SiC  Fiber  Prepared  from  Polycarbos i lane 


Composition  is  controllable  from  near-stoichiometric  0-SiC  to  >10  wt% 
excess  carbon. 

Oxygen  and  nitrogen  content  <0.1  wt%. 

l3-SiC  crystallite  size  by  x-ray  line  broadening  is  30-40  nm. 

All  fibers  have  carbon-rich  outer  layer,  -50  nm  thickness. 

Carbon-rich  fiber  has  3  layers: 

-  outer  -50  nm  is  carbon-rich 

-  next  1  to  2  am  is  stoichiometric  fi-SiC  (-0.5  am  crystallite  size) 

-  interior  is  carbon  rich  fi-SiC  (up  to  0.1  am  crystallite  size) 

(3-SiC  crystallites  contain  numerous  twinning  and  stacking  faults. 

Excess  carbon  between  SiC  grains  is  graphitic-like. 
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Figure  1,  SEM  images  of  silicon  carbide  fibers  after  final  pyrolysis  to  high 
temperature  in  argon.  Both  fibers  were  prepared  from  the  same 
polymer  precursor,  similarly  cured  with  NO^  and  contained  4  wtZ 
oxygen  after  pyrolysis  to  1200'C  in  argon.  Fiber  (a)  retained  no 
tensile  strength.  Fiber  (b)  was  doped  with  boron  after  cure. 
Tensile  strength  after  pyrolysis  was  1.7  GPa  (250  ksi). 
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Figure  2. 


High  strength  (2.3  GPa),  high  modulus  (400  GPa)  SiC  fibe- 
from  PCS. 
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1 .  Introduction 

Polymer -derived  SiC  fibers'*^  such  as  Nicalon^^  are  applied  to 
the  reinforcements  of  glass  matrix  composite^^  or  SiC  matrix 
composite^ ' ^ ,  and  these  composites  have  excellent  mechanical 
properties.  However,  there  is  a  problem  that  the  tensile 
strength  of  the  fibers  decreases  rapidly  at  high  temperature. 
The  fibers  are  amorphous  and  contain  oxygen  atoms  invariably  in¬ 
troduced  during  the  fabrication  process.  The  chemical  composi¬ 
tion  of  Nicalon  is  SiC^  ^  2 1  *^0 . 37  *  fiber  pyrolyzes  by  the  heat 
treatment  above  1  573K  in  an  inert  gas  atmosphere^ '  ^  ,  where  the 
evolution  of  SiO  and  CO  gas  occurs.  And  the  morphology  of  the 
fiber  changes  extremely,  and  the  tensile  strengtn  rapidly 
decreases.  However,  the  mechanisms  in  its  pyrolysis  are  not 
fully  understood  at  present.  We  have  systematically  studied  the 
pyrolytic  process  of  several  kinds  of  polymer-derived  SiC  fibers 
at  high  temperatures  in  Ar  gas  atmosphere® ' ^ ^  or  in  ceramic 
matrix.  Further,  we  have  tried  to  decrease  the  oxygen  in  SiC 
fibers  by  applying  radiation  curing  process  instead  of  thermal 
oxidation  in  the  process  of  Nicalon^  ® ^  ^  . 

In  this  work,  the  pyrolytic  behavior  of  Nicalon  was  studied  at 
1673-1 973K  in  Ar  in  the  fiber  form,  and  in  the  form  of  fiber 
reinforced  Si3N4  matrix  in  N2  at  1873-1973K.  It  becomes  clear 
that  it  is  necessary  to  reduce  the  oxygen  content  for  the  promis- 
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ing  fiber  of  ceramic  matrix  composites.  On  the  basis  of  these 
researches,  low-oxygen  contained  SiC  fiber  was  produced  using 
radiation  curing  process,  and  the  tensile  strength  at  high  tem¬ 
perature  was  extremely  improved. 

2.  Pyrolytic  Mechanism  of  SiC  Fibers  in  Ar 

The  mechanism  of  pyrolysis  of  amorphous  SiC  fiber  (Nicalon 
NL200)  was  investigated.  The  rate  of  pyrolysis  was  measured  with 
a  thermobalance  in  Ar  atmosphere  at  temperature  of  1  673-1  973K. 
The  formation  of  the  pyrolytic  product  was  examined  by  the  chemi¬ 
cal  analysis.  X-ray  diffraction  and  TEM  observation. 

The  fiber  was  pyrolyzed  to  form  SiO  and  CO  simultaneously  by 
following  reaction, 

SiC^^j^Oy  - »  ck  SiC(s)  +  (^SiO(g)  +  rcO(g)  (1) 

where,  9/  ,  j3  and  Y  are  constants  determined  by  the  fiber  type 

and  pyrolytic  temperature.  The  mass  loss  (  Fig.1)  measured  was 
attributable  to  both 
SiO  and  CO  gas  evolved 
by  the  pyrolysis. 

X=W^/W£,  X  stands  for 
the  thermal-decomposed 
fraction,  and  is  the 
mass  loss  at  time  t, 
and  is  the  final 

weight  loss.  During 
pyrolysis,  the  three- 
dimensional  growth  of 
the  crystallite  of  SiC 
was  observed  in  the 
fiber  by  TEM.  The 

amorphous  fiber  changed 
to  the  /3-SiC  crystal¬ 
lite.  The  rate  of  pyrolysis  depended  on  temperature,  and  was 
described  by  the  Avrami -Erofeev  equation, 

-  In  ( 1  -X)  =  k  .  t"^  (2) 

where  k  and  m  are  constants.  The  latter  is  strongly  related  to 
the  grain  growth  mode,  and  ranges  from  0.5  to  4,  depending  on  the 


Fig.1  Thermal  decomposition  curves 
for  SiC  f iber { NL200 ) . 


growth  mechanism,  on  the  nucleus  formation  rate,  and  also  on  tne 
grain  shape.  The  mean  value  of  m  in  this  equation  was  1.3.  The 
k  value  varies  with  temperature,  and  has  been  assessed  by  an 
Arrhenius  type  relationship.  The  Arrhenius  plots  of  the  rate- 
constants  gave  the  apparent  activation  energy  of  484  kJ/mol. 
These  results  show  that  the  pyrolytic  rate  is  determined  by  the 
diffusion-controlled  nucleus  formation  and  grain  growth  processes 
of  SiC  involving  the  diffusion  of  carbon  in  the  fiber. 

3.  Pyrolytic  Behavior  of  SiC  Fibers  in  Si-^N^  matrix 

The  pyrolytic  behavior  of  SiC  fibers  in  the  sintered  ceramic 
body  is  considered  to  be  different  from  that  of  the  fibers  in  an 
inert  gas  atmosphere.  The  variation  of  m.orphology  of  the  fibers 
in  N 1  ca  1  on  (  N'L2  0  0  )  /  s  1 1  i  con  nitride  ceramics  was  investigated. 
Nicalon  chopped  fibers  were  blended  with  silicon  nitride 
ceramics.  The  ceramics  are  Si-^N^  fine  powders  (UBE  SN  E10)  and 
the  Si2N4  powders  with  5  mass%  ^2*^3  ^  mass%  AI2O3  powders. 

They  are  referred  as  NL200/SiN' ( A )  and  NL200/SiN(B)  respectively. 
The  mass  loss  of  Nicalon  and  those  composites  was  measured  by  a 
thermobalance  in  N2  atmosphere  at  temperature  of  1 873-1 973K.  The 
fiber  in  N2  was  pyrolyzed  faster  than  the  fiber  in  those  com- 
pcsite^  at  all  t emp'^raturos  tested.  The  pyrolysis  of  the  fiber 
by  equation  (1 )  are  suppressed  in  these  composites.  The  morphol¬ 
ogy  of  fibers  in  the  Si2N4  matrix  does  not  changed  much,  and  this 
is  much  different  from  that  of  the  fibers  heat-treated  in  N2  at- 
m.osphere.  The  morphology  of  those  fibers  are  shown  in  Fig.  2. 
The  pyrolytic  rate  of  the  fibers  is  considered  to  be  mixed- 
controlled  by  the  diffusion  of  SiO  and  CO  gases  through  the  S12N4 
matrix,  and  the  crystal  growth  of  SiC  in  the  fiber. 

4.  Preparation  of  High-Resistant  SiC  Fiber  Using  Radiation  Curing 

The  decrease  of  the  tensile  strenath  at  high  temperatures  by 

the  thermal  decomposition  is  due  to  the  oxygen  introduced  in  the 
thermal  oxidation  curing  process.  In  order  to  improve  its  high- 
temperature  strength,  it  is  necessary  to  reduce  the  oxygen  con¬ 
tent  of  the  fiber.  We  have  studied  an  oxygen-free  curing  process 
using  the  electron  beam  irradiation. 


Fig. 2  SEM  micrographs  of  heat-treated  SiC  f iber ( NL200 ) . 

(a) ;as  received  NL200, 

(b) :NL200  heat-treated  at  1973K  in  N2, 

(c) :NL200  heat-treated  at  1973K  in  Si3N4  powder, 

(d) :NL200  heat-treated  at  1973K  in  sintered  Si^N^  matrix. 

The  synthesis  process  of  SiC  fiber  with  its  curing  is  shown  in 
Fig.  3.  Polycarbosi lane ( PCS )  fiber  was  irradiated  by  2  MeV 
electrons  under  vacuum  or  in  inert  gas  atmosphere,  then  the  PCS 
fiber  is  crosslinked,  and  its  curing  is  accomplished  above  about 
10  MGy.  The  SiC  fiber  obtained  by  heating  up  to  1473K  in  Ar  gas 
flow  contained  the  oxygen  less  than  0.5%.  As  the  original  PCS 
fiber  contains  0.3%  or  more,  it  means  that  there  is  no  oxidation 
during  the  radiation  curing.  After  1773K  heat  treatment  for  1h, 
the  tensile  strength  kept  2.5  GPa  at  1473K,  and  Young's  modulus 
increased  from  220  to  260  GPa.  The  tensile  strength  decreased 
gradually  above  1993K,  the  morphology  of  the  SiC  fiber  shows  ap¬ 
parently  no  change  after  heat  treatment  at  2273K  for  1  h  by  SEM 
observation . 


The  radiation 
curing  of  PCS  fiber 
is  found  to  be  very 
useful  for  develop¬ 
ment  of  high-heat 
resistant  SiC 
fiber.  This  re¬ 
search  has  been 
carried  out  by  the 
fundamental  and 
small  scale  ex¬ 
perimental  equip¬ 
ments.  It  is 

n  e  c  e  s  s  a  ry  to 
prepare  a  con- 
siderable  amount  of 
SiC  fibers  in  order 

to  apply  to  rein  Fig. 3  Process  of  SiC  fiber  synthesis  by 
forcement  fibers  of  radiation  curing  of  PCS  fiber. 

composites.  We 

designed  and  constructed  the  electron  beam  curing  apparatus, 
which  is  composed  of  irradiation  chamber,  sample  transfer,  and 
heat-treatment  vessel  for  the  PCS  fiber^^^.  Using  the  apparatus, 
the  PCS  fibers  of  long  strand  (2km  length  and  about  300g)  com¬ 
posed  of  500  filaments  were  cured,  and  the  SiC  fibers  containing 
0.4%  oxygen  were  obtained. 

5.  Conclusion 

(a)  The  pyrolytic  rate  of  Nicalon  type  SiC  fiber  in  an  inert  gas 
atmosphere  is  determined  by  the  diffusion-controlled  nucleus 
formation  and  grain  growth  processes. 

(b)  The  pyrolytic  rate  of  the  SiC  fiber  in  Si3N4  matrix  is  mixed- 
controlled  by  the  diffusion  of  SiO  and  CO  gases  through  the 
S13N4  matrix,  and  the  crystal  growth  of  SiC  in  the  fiber. 

(c)  Heat-resistant  SiC  fiber  is  synthesized  by  the  heat  treatment 
of  polycarbosi lane  fiber  with  electron  beam  irradiation 
curing.  Applying  this  radiation  curing  technique,  a  consid- 
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erable  amount  of  SiC  fiber  (about  200g)  is  synthesized. 
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POLYMER-DERIVED  SILICON  CARBIDE  FIBERS  WITH  IMPROVED  THERMOMECHANICAL  STABILITY 
Wm.  Toreki,  G.J.  Choi,  C.D.  Batich,  M.D.  Sacks,  and  M.  Saleem 
Dept,  of  Materials  Science  and  Engineering,  University  of  Florida 
Gainesville,  FL  32611  U.S.A. 


Introduction 

Fiber-reinforced  composites  are  of  increasing  importance  in  high  temperature  structural 
applications  due  to  their  excellent  mechanical  properties,  such  as  high  strength  and  high 
fracture  toughness.  However,  the  use  of  these  composites  is  generally  limited  to  tempera¬ 
tures  below  -  1 200‘’C  due  to  degradation  of  fiber  mechanical  properties  at  high  temperatures. 
For  example,  Nicalon^  SiC  fibers  (which  have  been  used  to  reinforce  glass,  glass-ceramic, 
and  crystalline  ceramic  matrices^*^)  may  show  significant  decreases  in  tensile  strength  and 
elastic  modulus  after  heat  treatment  at  temperatures  as  low  as  1000°C.*'*  The  poor 
thermomechanical  stability  is  attributed  to  the  presence  of  oxygen  ( -  8-1 5  wt%)  and  excess 
carbon  in  the  fibers  which  results  in  the  formation  of  volatile  reaction  products  (primarily  CO 
and  SiO)  at  relatively  low  temperatures.**  Significant  improvements  in  the  high  temperature 
mechanical  properties  of  SiC  fibers  might  be  expected  if  the  oxygen  content  can  be  reduced. 

Nicalon™*  fibers  are  prepared  by  melt  spinning  of  a  low-molecular-weight  organosilicon 
polymer  (i.e.,  polycarbosilane).  As-spun  fibers  are  then  heated  at  low  temperature  {  -  150- 
200‘’C)  in  air  in  order  to  cure  (cross-link)  the  polymer  and  to  prevent  fibers  from  melting  during 
the  subsequent  pyrolysis  step  (in  which  the  polymer  is  decomposed  to  a  SiC-rich  ceramic). 
In  the  present  study,  polycarbosilane-derived  SiC  fibers  were  prepared  using  processing 
conditions  that  allowed  the  oxidative  cross-linking  step  to  be  eliminated.  Therefore,  the  fibers 
produced  after  polymer  pyrolysis  and  SiC  crystallization  had  very  low  oxygen  content  (<2 
wt%)  compared  to  Nicalon.™ 


Experimental 

The  processing  steps  used  to  prepare  SiC  fibers  with  low  oxygen  content  are  summarized  in 
Fig.  1.  Polycarbosilane  (PC)  was  synthesized  by  pressure  pyrolysis  of  polydimethylsilane. 
Fibers  were  spun  using  intermediate-molecular-weight  PC's  (-  5,000-10,000)  which  remained 
highly  soluble  in  appropriate  solvents,  but  did  not  melt  during  subsequent  heat  treatment. 
Polymer  solutions  were  extruded  through  stainless  steel  spinnerets  ( -  70  or  ~  1 20  fjm 
diameter  orifices)  under  nitrogen  pressure.  Continuous  "green"  fibers  were  collected  by 
winding  on  a  rotating  drum  and  pyrolysis  was  subsequently  carried  out  at  temperatures  in  the 
range  of  750-1 000*C  (1  h  hold)  under  flowing  nitrogen.  Fibers  with  diameters  in  the  range 
-  10-50  pim  were  produced. 

Thermal  gravimetric  analysis  (TGA),  X-ray  diffraction  (XRD),  scanning  and  transmission 
electron  microscopy  (SEM  and  TEM),  and  elemental  analysis  were  used  to  characterize  the 
fibers.  Fiber  tensile  strengths  were  determined  at  room  temperature  according  to  ASTM 
procedure  D-3379.  Fibers  were  tested  after  pyrolysis  at  lOOO’C  and  after  additional  heat 
treatments  in  argon  at  temperatures  in  the  range  1200-1 700°C. 
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CONTINUOUS  SILICON  CARBIDE  FIBERS 

Polydimethylsllane 

I  Heat  Treatment 

Polycarbosilane 

1  Solution/Filtration 
Precipitation/Filtration 
60°cyVacuum 

Polycarbosilane  (Mp=  5,000-10,000) 

I  Addition  of  Spinning  Aids 
Ambient  Spinning  Conditions 

Solution  Spun  Fibers 

j  1000“C/N2 

•SiC"  Fibers  (<2  wt%  Oxygen) 

FIG.  1 .  Processing  steps  for  preparation  of  SiC  fibers  with  low  oxygeri  content. 


Results 

TGA  results  on  as-spun  fibers  show  that  pyrolysis  reactions  are  mostly  completed  below 
—  900®C.  The  total  weight  loss  is  relatively  low  (--  20  wt%),  especially  compared  to  losses 
(-40  wt%)  reported  for  low-molecular-weight  PC's  (such  as  used  in  melt  spinning  of  Nicalon 
fibers).^  In  fact,  the  ceramic  yield  is  comparable  to  yields  reported  for  oxygen-cured  PC 
fibers.*-^ 

Pyrolyzed  fibers  (750-1 000*0  had  a  visual  appearance  similar  to  Nicalon™  (i.e.,  black  color). 
SEM  observations  showed  that  outer  surfaces  and  fracture  surfaces  were  smooth.  XRD 
analysis  indicated  that  1 000“C-pyrolyzed  fibers  were  substantially  amorphous,  although  very 
broad  peaks  associated  with  SiC  were  evident.  These  peaks  progressively  narrowed  and 
increased  in  intensity  for  samples  subjected  to  further  heat  treatment  (to  1 600*C  in  nitrogen 
or  argon  atmospheres),  indicating  that  growth  of  SiC  crystallites  occurs  with  increasing 
temperature.  The  same  trends  were  revealed  by  TEM. 
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Figure  2  shows  a  comparison  of  TGA  data  for  Nicalon’^  fibers  and  pyrolyzed  {750°C,  1h) 
fibers  prepared  in  this  study  ("L'F  fibers").  Weight  loss  was  monitored  as  the  fibers  were 
heated  in  argon  at  1 0'C/rnin  to  1 550®C  and  then  held  for  1  hour  at  temperature.  The  UF  fiber 
lost  only  -3  wt%  during  this  treatment,  while  the  Nicalon^  fiber  lost  -25  wt%  The 
relatively  low  weight  loss  observed  for  the  UF  fibers  can  be  attributed  to  the  low  oxygen 
content.  Neutron  activation  analysis  (NAA)  of  three  different  UF  fiber  batches  (pyrolyzed  at 
1000°C)  revealed  oxygen  contents  in  the  range  -  1 .5-1 .8  wt%,  while  Nicalon™  fiber’s  showed 
1 5  wt%  oxygen  by  NAA. 
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FIG.  2.  Weight  loss  behavior  for  UF  fibers  (top)  and  Nicalon^  fibers  (bottom)  heated  in 
argon  to  1550“C  at  10“C/min  and  then  held  for  1  hour  at  temperature. 
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Figure  3  shows  average  tensile  strengths  for  UF  and  Nicalon™  fibers  after  heat  treatment  at 
various  temperatures  in  cn  argon  atmosphere.  It  is  evident  that  UF  fibers  show  much  greater 
retention  of  strength  after  heat  treatment.  The  strengths  reported  in  Fig.  3  were  obtained  from 
a  single  batch  of  UF  fibers.  Although  the  data  is  considered  representative,  it  should  be  noted 
that  higher  strengths  have  been  observed  in  some  other  batches.  For  example,  average 
strengths  as  high  as  ~3  GPa  have  been  observed  for  as-pyrolyzed  batches  (10-15  tjm  fiber 
diameters)  and  ~  1 .9  GPa  in  some  batches  heat  treated  at  MOOT  (for  1  h).  Thus,  it  may  be 
possible  to  produce  fibers  with  consistently  higher  strength  levels  than  reported  in  Fig.  3  if 
processing  conditions  are  more  rigorously  controlled. 


AGING  TEMPERATURE  ('C) 


FIG.  3.  Plots  of  average  tensile  strength  vs.  heat  treatment  temperature  for  UF  fibers  and 
Nicalon™  fibers. 


Conclusion 

Continuous  silicon  carbide  fibers  with  low  oxygen  content  ( <  2  wt%)  were  prepared  in  a  range 
of  diameters  (~  10-50  ^^m)  by  dry  spinning  of  polycarbosilane  solutions  and  subsequent 
pyrolysis  of  the  polymer  fibers.  Average  tensile  strengths  approaching  3  GPa  were  obtained 
for  some  batches  with  fiber  diameters  in  the  range  -10-15  /mri.  These  fibers  showed 
excellentthermomechanical  stability  compared  to  commercially-availableNicalon^  fibers,  i.e., 
significantly  lower  weight  loss  and  higher  tensile  strength  were  observed  after  heat  treatment 
in  argon  at  elevated  temperatures  (1200-1700*0. 
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New  Curing  Method  for  Polycarbosilane  with  Unsaturated 
Kydrocarbcns  and  the  Application  to  Thermally  Stable 
Si-0  Fibre 

YOSKIO  HASEGAWA 

The  Research  Institute  for  Special  Inorganic  Materials, 
Asahl-r.ura,  Kashima-gun,  Ibarai  311-1^,  JAPAN 

Introduction 

Continuous  SiC  fibres  synthesized  from  polycarbosilane 
(?C)  precursor  are  already  in  industrial  production  as 
NICALON'  fiber  and  TYRANNO  fibre,  which  are  used  as  reinforce¬ 
ments  for  composites.  However,  for  the  purpose  of  utilizi.ng 
SiC  fibre  as  reinforcement  in  many  ceramilc  matrix  composites, 
development  of  oxygen-free  Si-C  fibre,  having  high  thermal 
stability  and  oxidation  resistance,  is  necessary. 

Recently,  Sl-C-0  fibre  with  a  sm.all  amount  of  oxygen 
was  prepared  from.  PC  fibre  cured  by  electron  beam,  irradlatoion 
[I].  It  was  shown  that  this  fibre  had  im.proved  thermial  stabilit 
And  the.n,  the  auther  found  that  PC  was  cured  by  heating  in 
halogenated  hydrocarbon  or  unsaturated  hydrocarbon  vapor  [2]. 
This  miethod,  hereafter,  is  referred  to  as  chem.ical  vapor 
curing  (CVC)  m.ethod.  In  comparison  with  the  electron  beam,  miethod 
this  new  method  is  assumed  to  be  miore  ecomiom,lcal .  In  the 
previous  report  [2],  by  CVC  method,  the  fibre  heat-treated  at 
15C0'-'C  in  a  nitrogen  gas  flow  had  tensile  strengths  more  than 
2G?a.  On  tne  other  hand,  in  an  argon  gas  flow,  the  strength 


decreased  rapidly  above  l40C°C.  It  was  assur:ed  that  the 
nitrogen  atoms  introduced  into  the  fibre  depressed  cristallio 
tion  of  P-SiC. 

In  the  present  research,  the  fibre  with  high  thermal 
stability  has  been  synthesized  by  CVC  method  and  heat-treatr.e 
in  an  argon  gas  flow. 


Fibre  Synthesis 

The  number  average  molecular  weight  of  FC  is  2CbO.  PC  wa 
m.elt-spun  at  about  37C°C.  The  resulting  fibre  bundle  was  cure 
cy  heating  in  a  tubular  furnace  up  to  a  specific  temperature 
an  argon  gas  flew  containing  unsaturated  hydrocarbon  vapor. 
Cyclchexene,  1-hexyne  or  1-octyne  was  used  as  unsaturated 
hydrocarbon .  A  schematic  diagram  of  the  curing  apparatus  is 
shown  in  Fig.l. 

The  cured  fibre  was  then  heat-treated  in  a  tubular 
fniunace  up  to  a  specific  temperature  at  a  rate  of  100°C‘h“^ 
in  an  argen  gas  flow. 

Argon  gas  was  dried  by  passing  through  colum.ns  packed 
with  successive,  silica  gel,  m.agnesium  perchlorate  and  phosph 
pentoxide . 


Mechanical  properties  of  fibres  were  measured  at  room 


temperature  with  a  25-mm.  gauge  length  for  30  filaments,  the 
average  values  being  taken. 


Results  and  discussion 

Tensile  strength  and  Young's  modulus  of  Ci-C  fibres  are 
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shown  In  Fig.  2  as  a  function  of  the  heat-treatment  t em;perat ore , 
In  comparison  with  those  of  Si-C-0  fibres  obtained  by  therm.al- 
oxidatlon  curing.  It  appears  that  the  properties  of  the  fibres 
obtained  by  CVC  method  are  higher  than  tose  of  Sl-C-0  fibres. 

The  IR  spectra  of  Si-C  fibres  showed  no  absorption  at 
1000  1100cm~^  due  to  Si-0  stretching.  If  oxygen  ator.s  are 

present  in  the  fibres,  carbothermal  reduction  or  therr.al 
degradation  take  place  above  1300°C  with  weight  loss  ana 
6-SiC  crystal  growth.  Consequently,  the  strength  of  the  fibre 
decreases.  In  the  fibre  obtained  by  CVC,  these  high-temperature 
reaction  should  net  occur. 

In  Fig.  5,  6-SiC  crystalline  size  (Lpn)  are  shown  as  a 
function  of  the  heat-treatment  temiperature .  It  is  clear  that 
rapid  crystal  growth  did  not  take  place,  while  L^^i  gradually 
increased  with  increasing  heat-treatment  temperature.  This 
increse  cf  Lm  may  decrease  the  strength  of  Si-C  fibre  as 
shown  i.n  Fig.  2.  The  relation  between  the  tensile  strength  and 
Li21  is  shewn  in  Fig.^  which  supports  the  decrease  of  the 
strength  due  to  the  crystal  growth. 

The  therm.al  stability  of  Si-C  fibre  obtained  by  CVC  m.ethcd 
with  1-hexyne  is  shown  in  Fig. 5.  The  fibre  was  heated  at  15CC"C 
for  0  n,  8h.  These  results  show  that  the  therm.al  stability  cf 
Si-C  fibre  by  CVC  method  is  superior  to  Sl-C-0  fibre  in  non- 
oxidizing  atmosphere. 

The  following  subject  to  be  studied  will  be  improving  the 
oxidation  resistance  of  the  fibre. 
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Interfacial  Control  and  Macroscopic  Failure  in 
Inorganic  Composites 
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Department  of  Materials  Science  and  Metallurgy 
Pembroke  Street,  Cambridge  CB2  3QZ,  U.K. 
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Interfacial  Processes 

The  nature  of  the  interface  has  profound  effects  on  the  performance  of  all  types  of 
composite  material.  The  central  problem  concerns  inelastic  processes  at  the  interface 
which  might  be  stimulated  by  the  operative  stress  field.  Some  such  processes  (which 
migiit  operate  in  metal-  or  ceramic-based  composites)  are  shown  schematically  in 
Fig.l,  together  with  a  possible  set  of  stresses  in  the  vicinity  of  the  interface.  For 
ceramic  matrix  composites,  there  is  a  clear  requirement  that  the  interface  be 
sufficiently  "w'eak"  to  allow  debonding,  and  the  associated  energy-absorbing  proces.ses, 
to  be  stimulated  by  the  local  stresses  set  up  when  the  material  is  loaded^  Interfacial 
fracture  is  therefore  the  key  process  in  such  composites.  There  have  been  significant 
advances  over  recent  years  concerning  interfacial  fracture  mechanics,  particularly  for 
bimaterial  interfaces^'^. 

For  metal  matrix  composites,  the  situation  is  somewhat  less  clear.  Although  the 
matrix  has  an  enormous  potential  for  energy  absorption  via  dislocation  motion,  this 
will  in  general  be  much  more  difficult  to  promote  than  in  a  monolithic  metal  because 
of  the  constraint  to  matrix  plasticity  offered  by  the  reinforcement.  Under  these 
circumstances,  there  could  in  principle  be  scope  for  significant  toughness  enhancement 
in  MMCs  as  a  consequence  of  inelastic  processes  occurring  at  the  interface.  In 
practice,  a  strong  bond  is  probably  beneficial  in  most  cases  since  it  will  delay  the  onset 
of  failure.  However,  the  interplay  between  microstructure,  stress  state  and  the  nature 
of  the  inelastic  processes  can  be  highly  complex  and  is  further  complicated  in  many 
MMCs  by  the  scope  for  progressive  interfacial  chemical  reaction^,  which  can 
substantially  alter  the  mechanical  re.sponse  characteristics  of  the  interface. 
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Fig.l  Schematic  depiction  of  possible  stress  state  variations  in  the  vicinity  of  a  fibre 
embedded  in  a  matrix  and  some  oj  the  inelastic  processes  which  can  be  stimulated 

at  the  interface  by  such  stresses. 


Interfacial  Testing 

A  variety  of  tests  have  been  developed  to  measure  mechanical  characteristics  of  the 
interface  in  composite  materials.  These  involve  situations  ranging*^'"  from  single 
fibre  pullout  and  pushout  tests  to  interfacial  cracking  during  bending  of  laminates. 
There  are.  however,  often  difficulties  in  identifying  precisely  what  mechanical 
property  of  the  interface  is  being  measured.  An  important  point  is  that  different  tests 
cover  a  range  of  proportions  of  opening  and  shearing  mode  stress  intensities  at  the 
crack  tip.  Parameters  being  measured,  such  as  a  critical  shear  stress  for  the  onset  of 
debonding  or  a  critical  value  of  the  interfacial  strain  energy  release  rate,  will  vary 
with  this  proportion.  An  increasingly  popular  approach’ “  to  the  characterisation  of 
this  mode  mixity  is  to  identify  the  so-called  phase  angle,  \j/,  (=tan-l(Kn/Ki)),  although 
there  are  some  difficulties  with  this  approach  -  particularly  when  compressive 


stresses  are  present.  It  can  be  seen  t'roni  Fig. 2  that  measured  values  of  interfacial 
parameters  can  vary  quite  sharply  with  mode  mixity.  which  can  range  from  pure 
opening  (\|/=0‘)  to  pure  shear  (v|/=90\);  in  general,  resistance  to  crack  propagation 
rises  with  predominance  of  shearing  over  opening  mode,  as  frictional  work  in  the 
wake  of  the  crack  tip  increases. 


Fig. 2  Schematic  illusiraiion  uf  the  dependence  of  the  interfacial  critical  strain 
energy  release  rate,  on  the  phase  angle  of  loading  mode  mixity.  t//.  Different 

tests  involve  a  wide  range  of  i//  values. 


Interfacial  Modificatiun 

There  are  several  ways  in  which  useful  modifications  to  interfacial  features  can  be 
effected  in  inorganic  composites.  For  example,  careful  control  over  the  structure  of 
graphitic  interfaces  in  SiC  laminates  can  ensure  that  the  value  of  is  sufficiently  low. 
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relative  to  G,-  for  the  bulk  SiC.  to  ensure  that  transverse  cracks  are  consistent!) 
deflected'-^.  For  MMCs,  the  concern  is  often  more  likely  to  be  prevention  of  the 
formation  of  brittle  intefacial  reaction  layers.  For  e.xample,  duplex  C/TiBy  coatings'^’ 
have  been  deposited  by  CVD  during  fabrication  of  SiC  fibres  to  be  used  in  titanium 
composites.  Studies  have  also  been  carried  out  on  duplex  yttrium/yttria  coatings 
deposited  onto  SiC  by  sputtering’'.  This  system  is  thermodynamically  stable  in  Ti  at 
high  temperature  and,  since  there  is  scope  during  the  sputtering  process  for  inducing 
high  compressive  stresses'^  in  the  coating  by  atomic  peening  -  see  Fig. 3.  the 
problems  of  deposit  cracking  as  a  result  of  differential  thermal  contraction  stresses  can 
be  overcome. 


Fi^.3  Scliemaiic  illusn  ation  o/xai  ums  cjiiinhiaions  lo  ihe  sires:,  state  at  room 
temperature  in  a  sputtered  yttria  laxei  on  a  SiC  monofilament,  as  a  function  of  the 

coatinx:  fabrication  temperati  '  C. 

Macroscopic  Deformation  and  Failure 

One  of  the  major  challenges  in  the  development  of  advanced  composites  is  to 
establish  quantitative  correlations  betssecn  mechanical  characteristics  of  the  interface 
and  composite  properties  -  panicularl)  those  concerning  plastic  deformation  and 
failure.  The  current  situation  vanes  sharply  depending  on  the  type  of  composite 
concerned.  At  one  extreme,  it  is  now  possible  to  develop  models  completely 
describing  the  fracture  behaviour  under  3-point  bending  of  laminates  made  up  of 
brittle  sheets  joined  by  interfaces  of  specified  toughness.  For  example,  a  comparison 
is  shown  in  Fig. 4  betueen  measured  and  predicted  load-displacement  plots  for  such  a 
laminate,  with  the  series  of  peaks  repre.seniing  the  onset  of  fracture  of  successive 
layers  and  subsequent  crack  deflection  by  the  interfaces.  It  is  acceptable  to  take  a 
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constant  value  for  g^:.  since  the  variation  of  \|/  as  the  crack  propagates  along  such  a 
laminate  is  small.  Agreement  can  be  improved  b>'  the  use  of  an  appropriate  Weibull 
modulus,  m,  in  the  modelling,  although  obviously  the  actual  distribution  of  peak 
heights  can  only  be  predicted  on  a  statistical  basis. 


Fig.4  Experimental  and  predicted  load-displacement  plots  fur  notched  SiC 

laminates  in  3-point  bending. 


The  above  situation  is  highly  amenable  to  modelling  because  the  matrix  is  brittle 
and  the  crack  geometry  is  simple.  Fibre  composites  are  inevitably  much  more 
complex  geometrically,  with  the  mode  mixity  at  an  interfacial  crack  usually  varying 
with  position  both  around  the  fibre  circumference  and  along  its  length.  In  addition, 
for  metal  matrix  composites  there  is  substantial  scope  for  energy  absorption  and 
plastic  deformation  within  the  matrix  and  predictive  modelling  of  this  is  difficult,  even 
with  recourse  to  numerical  methods'^.  Nevertheless,  some  predictive  capability 
relating  interface  characteristics  to  composite  performance  can  be  established.  For 
example,  it  has  been  showir^’  that  continuous  monitoring  of  the  Poisson’s  ratios  during 
tensile  loading  of  long  fibre  reinforced  Ti  can  reveal  whether  matrix  plasticity  or 
interfacial  debonding  and  damage  are  re.sponsible  for  observed  inelastic  behaviour  and 
this  can  be  correlated  with  measured  interfacial  properties.  There  is  also  some  scope 
for  predicting  whether  interfacial  energy  absorption  could  be  significant  in  different 
situations;  in  general,  it  would  appear  that  this  is  only  possible  if  very  pronounced 
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fibre  pull-out  can  be  stimulated  and  even  then  the  contribution  is  only  likely  to  be 
really  important  in  relatively  brittle  metals,  such  as  zinc-''-^. 
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INTRODUCTION 

In  a  brittle/brittle  composite  system,  such  as  ceramic- liber/ceramic-matrix  system 
composed  of  reinforcing  fibers  and  matrix  with  very  similar  values  of  the  elastic  moduli 
and  the  fracture  toughness  values,  a  propagating  matrix  crack  is  unlikely  to  “recognize” 
the  fiber  at  the  interface,  if  the  interface  bonding  is  perfect.  The  matrix  crack  will  extend 
into  and  through  the  fiber  without  interface  debonding,  crack  face  bridging  and  subse¬ 
quent  fiber  pullout  along  the  fracture  path.  The  composite  failure  is  thus  very  brittle  and 
catastrophic.  Little  or  no  property  enhancement  will  be  expected  in  this  form  of  compos¬ 
ite  failure.  In  order  to  attain  increased  toughening  in  brittle/brittle  composite  systems, 
it  is  required  for  the  interface  to  have  a  certain  optimum  bonding  force  which  is  strong 
enough  for  stress  transfer,  yet  weak  enough  for  considerable  interface  debonding,  being  a 
requisite  for  toughening  brittle  matrix  composites  through  fiber  bridging  and  subsequent 
fiber  pullout  processes.  The  stress-induced  interface  debonding  may  also  be  expected  to 
have  an  important  role  in  the  first  matrix  cracking  of  brittle  matrix  composites.  In  this 
paper,  the  fracture  toughness  for  first  matrix  cracking  of  nnidirectionally  reinforced  carbon- 
fiber/carbon-matrix  and  carbon-fiber/SisN4-matrix  composites  is  studied  in  relation  to  the 
ratio  of  elastic  moduli  Ef  /Em  between  the  fiber  and  the  matrix  as  well  zis  to  the  difference 
in  the  interface  bonding  nature. 

EXPERIMENTAL 
Test  Samples 

A  carbon-matrix  composite  (C/C)  (Nippon  Steel  Co.,  Ltd.)  and  an  Si3N4-matrix 
composite  (C/S)  (Noritake  Co.,  Ltd.),  both  of  which  are  nnidirectionally  reinforced  with 
carbon  fibers,  were  used.  In  the  C/C-composite,  PAN-based  carbon  fibers  (7  fxm  in  diam¬ 
eter,  tensUe  strength  of  3  GPa  for  the  gage  length  of  25  mm.  Young’s  modulus  of  230  GPa) 
with  phenolic  resin  were  heat-treated  at  1000  "C,  followed  by  impregnation/carbonization 
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processes  for  four  times  and  finally  baked  at  2000  °C.  The  fiber  content,  bulk  density,  and 
the  Young’s  modulus  of  the  resultant  composite  were  56  vol^o,  1.63  g/cm®,  and  200  GPa, 
respectively. 

Mesophase  pitch-based  carbon  fibers  were  used  for  the  C/S-composite.  The  fiber 
strength  (gage  length  of  25  mm)  and  the  Young’s  modulus  are  2  GPa  and  500  GPa, 
respectively.  The  fibers  were  shaped  with  SisN4-slurry  by  a  filament  winding  method 
to  make  green  bodies,  and  then  heat-treated  at  temperatures  from  400  to  700  °C  to 
eliminate  the  organic  binder,  followed  by  hot-pressing  at  1500  "C.  The  fiber  content  of 
the  resultant  composite  was  35  vol%.  Some  characteristic  material  properties  include  the 
bulk  density  of  2.55  g/cm®,  porosity  of  5.70  %,  and  the  thermal  expansion  coefficient  and 
the  Young’s  modulus  along  the  direction  of  reinforcing  fibers  are  5.4  x  10"^/deg  and  310 
GPa,  respectively. 

Fracture  Toughness  Test  for  First  Matrix  Cracking 

Three-point  fiexural  test  specimens  with  difierent  dimensions,  the  thickness  B  =  5.7, 
12  mm,  and  the  width  W  =  1.6,  1.2  mm,  were  machined.  The  tensile  (or  compressive)  axis 
of  the  flexural  specimen  coincides  with  the  reinforcing  fiber  axis.  In  order  to  introduce  a 
controlled  semi- elliptical  surface  flaw  on  the  surface  at  a  right  angle  to  the  tensile  stress, 
a  thin  steel  blade  (^  5mm)  with  the  tip  radius  less  than  5  /zm  was  used.  Since  the  con¬ 
ventional  fracture  mechanics  test  specimen  geometry  with  a  straight-through  notch,  such 
as  the  compact  tension  or  the  single  edge-notched  bend  specimen,  yields  a  plane-stress  or 
plane-strain  at  the  notch-tip,  the  crack  does  not  extend  across  the  unidirectionally  rein¬ 
forcing  fibers,  but  instead  propagates  along  the  fiber  direction  by  delamination  cracking. 
However,  because  of  the  triaxial  stress-strain  state  of  the  semi-elliptical  surface  flaw,  the 
present  flexural  test  specimen  avoids  such  undesirable  delamination  cracking  at  the  crack- 
tip,  and  results  in  an  ideal  matrix  cracking,  the  crack  plane  passing  through  the  composites 
at  a  right  angle  to  the  reinforcing  fibers.  The  fracture  toughness  Kc  for  matrix  cracking  of 
these  composite  materials  was  examined  by  changing  the  size  of  the  surface  flaw  ranging 
from  10  to  400  /zm  in  the  depth. 

A  special  type  of  displacement-controlled  test  apparatus  was  designed  for  the  present 
study  for  first  matrix  cracking.  A  precise  determination  of  the  onset  critical  load  for  first 
matrix  cracking,  which  occurs  at  the  bottom  of  the  semi-elliptical  surface  flaw,  was  easily 
conducted  through  the  in-situ  optical  observation  of  cracking  at  the  bottom  of  the  surface 
flaw  during  the  flexural  loading  over  the  test  span,  S  =  40  mm.  The  details  of  the  flexural 
test  apparatus  have  been  reported  in  the  literature. 
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RESULTS  AND  DISCUSSION 

The  interrelationships  of  the  fracture  toughness  Kc  for  first  matrix  cracking  and  the 
depth  6  of  the  surface  flaw  are  plotted  in  Fig.  1  for  the  C/C-  and  the  C/S-composites. 
The  iiTc- values  are  nealy  constant  (7.0  ±  0.6  MPav/m  for  the  C/C-  and  5.2  ±  0.5  MPav/m 
for  the  C/S-composites)  over  a  wide  range  of  the  surface  notch  depth.  The  normalized 
toughness  improvement  by  fiber  reinforcement  {Kc/K^)  (the  composite  toughness  Kc 
divided  by  the  fracture  toughness  Km  of  the  unreinforced  monolithic  carbon  or  Si8N4 
used  for  the  matrix)  is  Ulnstrated  in  Figs.  2(a)  and  2(b).  It  is  worthy  of  note  that  the 
toughness  improvement  of  the  C/C-composite  {KdKm  =  7.0)  is  considerably  higher  than 
that  of  the  C/S-composite  {KdKm  ~  1-3).  Miyajima  and  Sakai  have  demonstrated  that 
the  toughness  improvement  can  be  expressed  by 

^  =  {SSCU{SSC)ci  (1) 

where  {SSC)ih  and  (55C)«j  stand  for,  respectively,  the  contributions  of  stress  shielding 
by  the  flber/matrix  interface  debonding  processes  in  the  frontal  process  zone  and  by  the 
internal  elastic  stress  partition  between  fiber  and  matrix  due  to  the  difference  in  their 
elastic  modulus.  The  latter  contribution  ((5SC)ej)  of  the  elastic  shielding  is  given  by 

{sscu  = 

where  Ec^  Em,  and  Vm  are  the  elastic  moduli  of  the  composite  and  the  matrix,  and  the 
volume  fraction  of  the  reinforcing  fibers,  respectively.  The  numerical  relations  of  (S5C)ei 
versus  the  volume  fraction  of  matrix  are  shown  in  Fig.  2  by  solid  lines.  The  elastic  stress 
shielding  effect  of  the  C/C-composite  ((55C)e{  ss  3]  actually  exceeds  that  of  the  C/S- 
composite  [(55C)ej  %  0.8].  This  difference  in  the  elastic  stress  shielding  effect  mainly 
arises  from  the  significant  difference  in  the  ratios  of  the  elastic  moduli  Ed  Em  of  the 
C/C-composite  (sr  20)  and  the  C/S-composite  (%  1.1),  as  easily  expected  from  Eq.  (2). 

The  finite  discrepancies  between  the  experimental  results  (circles  with  a  vertical  bar 
showing  experimental  variations)  and  the  theoretical  predictions  ((55C)ej-cnrves)  in  Figs. 
2(a)  and  2(b)  can  be  accommodated  to  the  stress  shielding  coefficient  {SSC)db  hy  sub¬ 
stituting  {SSC)ib  s:  2.5  for  the  C/C-composite,  and  ss  1.5  for  the  C/S-composite.  The 
differences  in  the  E/ /Em -values  as  well  as  in  the  interface  bonding  nature  between  the 
C/C-  and  the  C/S-composites  may  yield  this  important  difference  in  the  interface  debond¬ 
ing  stress  shielding. 


Fracture  toughness,  Kc(MPa/m) 


Normalized  fracture  toughness,  Kc/K 
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Fig.  2  Normalued  fracture  toughness  values  of  the  C/C-  and  the  C/S-composites. 
Solid  lines  represent  the  theoretical  predictions  (Eq.  (2))  for  elastic  stress  shielding. 
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ABSTRACT 

The  current  interest  in  ceramic  composites  is  a  consequence  of  their 
potential  for  dramatically  improved  damage  tolerance  as  compared  to 
monolithic  ceramics  wrhile  delivering  similar  high  temperature  properties.  This 
damage  tolerance  is  accomplished  through  local  accommodation  of 
overstresses  by  microcracking.  The  existence  of  microcracKs  in  a  damaged 
composite  has  clear  implications  regarding  environmental  resistance.  There 
has  been  much  discussion  about  either  using  composites  at  stresses  below 
matrix  cracking  or  developing  oxidation  resistant  interface  treatments. 

However,  careful  consideration  leads  to  the  conclusion  that  the  former  is  not 
viable  and  that  oxidation  resistant  interface  control  is  a  necessity.  Damage 
tolerance  is  not  an  occasional  requirement,  but  a  pervasive  consequence  of  the 
lack  of  knowledge  and  control  of  the  stress  state  in  an  actual  part.  This  means 
that  all  pans  will  be  at  least  locally  microcracked.  The  consequence  of  this  is 
that  the  most  productive  uses  of  ceramic  composites  in  heat  engines  are 
dependant  upon  the  development  of  oxidation  resistant  interface  treatments;  an 
area  in  which  there  has  been  relatively  little  progress 

It  is  evident  that  the  fiber  debonding  and  sliding  that  accompany  the 
inception  and  propagation  of  cracks  are  important  factors  in  determining  the 
mechanical  behavior  of  ceramic  composites.  They  are  also  complicated 
processes  dependant  upon  several  variables.  Numerous  issues  exist 
regarding  measurement  and  interpretation  of  interface  properties  and 
elucidation  of  the  roles  of  these  variables.  The  development  of  viable 
approaches  to  interface  control  will  be  greatly  aided  by  comprehensive 
understanding  of  these  factors. 

If  a  composite  is  to  be  toughened  by  the  presence  of  the  fibers.  It  Is 
necessary  that  the  fibers  are  bypassed  by  the  matrix  crack.  If  the  toughness  of 
the  interface  is  too  high,  or  if  the  frictional  resistance  to  sliding  of  an  unbonded 


interface  i$  too  high,  the  fibers  will  fracture.  Therefore,  we  expect  both  the 
interfacial  toughness  and  friction  to  be  important  in  determining  if  crack  bridging 
can  occur. 

The  magnitude  of  the  frictional  resistance  to  the  sliding  of  the  fiber 
determines  how  far  the  debonding  crack  propagates  and  the  energy  expended 
during  pull-out  after  the  fiber  breaks.  Since  the  friction  will  depend  upon 
residual  stresses,  coefficient  of  friction,  roughness  of  ttie  fiber,  and  abrasion  of 
the  interface;  these  are  all  important  factors.  Furthermore,  they  are  not  all 
constants  Abrasion  and  roughness  effects  are  functions  of  sliding  distance. 

The  effective  coefficient  o^  friction  might  also  be  expected  to  change  with  the 
accumulation  of  abrasion  debris  in  the  interface.  It  is  expected  then,  that  to  fully 
understand  and  control  interface  behavior,  it  is  necessary  to  measure  and 
understand  the  roles  and  contributors  to  the  interfacial  toughness  and  interfacial 
friction,  and  the  changes  in  these  quantities  with  lime  and  environmental 
exposure. 

All  of  these  factors  will  affect  the  design  of  interface  control  treatments.  In 
addition,  lime  dependent  factors  will  further  constrain  the  designs.  Required 
coaling  thicknesses  will  depend  in  part  on  the  fiber  roughness  and  on  the  rate 
of  microsiructural  evolution  of  both  fiber  and  matrix.  Composite  lifetimes  may 
depend  strongly  on  the  rate  at  which  fiber  or  coating  oxidation  changes 
interface  properties.  A  stable,  oxidation  resistant  fiber  is  essential  to  the  most 
dramatic  impact  of  ceramic  composites,  but  the  fiber  -  matrix  interface  Is  a  no 
less  important  link  in  composite  performance.  Without  equally  sophisticated 
interface  control,  the  best  composites  will  turn  into  expensive  monoliths. 
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Recent  Progress  in  the  Design  of  Advanced 
High  Temperature  Composites 
by 

J.  Economy 
University  of  Illinois 
Urbana,  IL 

In  this  papvr  recent  progress  in  our  group  on  new  types  of 
reinforcing  agents  and  matrices  is  described  with  particular  emphasis  on 
systems  with  enhanced  performance,  ease  of  processing  and  potentially 
lower  costs.  Continuous  multi-filament  yams  under  study  include  boron 
nitride  (BN)  and  boron  carbide  (B4C).  Work  on  high  aspect  ratio,  single 
crystal  flakes  of  aluminum  diboride  (AIB2)  as  a  reinforcement  for 
aluminum  is  summarized.  In  addition,  recent  studies  on  developing  novel 
organic  oligomers  for  use  in  a  one  step  process  for  fabrication  of 
carbon/carbon  composites  is  described.  A  precursor  to  a  BN  matrix  has 
been  designed  and  successfully  demonstrated. 

Boron  Nitride  Fibers 

BN  fibers  were  successfully  prepared  in  the  1960’s  by  reacting  boric 
oxide  filament  with  ammonia  in  a  batch  process  over  the  temperature 
range  of  350°  to  850°C.  Stretching  of  the  fibers  at  2000°C  (-17%)  resulted 
in  orientation  of  the  layered  structure  to  produce  a  high  O/E  fiber  similar 
in  properties  to  carbon  fibers.  This  earlier  work  is  now  being  revisited 
with  the  goal  of  designing  a  continuous  process  for  drawing,  nitriding  and 
stretching  the  filament  yam.  If  successful  such  a  process  could  yield  a  low 
cost  route  to  BN  fibers  since  the  fiber  is  formed  in  70%  yield  from  the 
reaction  of  relatively  cheap  starting  materials;  namely,  B2O3  +  NH3.  BN 
fibers  display  far  better  thermooxidative  stability  than  carbon  fibers  i.e. 
900°C  vs  450°C  and  are  resistant  to  many  molten  metals.  In  this  paper 
recent  progress  on  achieving  the  goal  of  a  low  cost  continuous  process  is 
described  along  with  a  brief  comparison  of  properties  between  BN  and 
carbon  fibers. 

Boron  Carbide  Fibers 

B4C  continuous  filament  yam  has  been  successfully  prepared  by 
reaction  of  a  precursor  carbon  yam  with  BCI3  +  H2  at  temperatures  of 
1800°C  followed  by  tensioning  at  2150°C.  Such  fibers  display  average 
tensile  strengths  of  350,000  p.s.i.  and  a  modulus  of  50,000,000  p.s.i. 

(carbon  fiber  is  converted  to  -  70%  B4C).  Since  B4C  is  known  to  retain  most 
of  its  mechanical  properties  up  to  1 600-1 700°C,  it  would  be  an  excellent 
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candidate  for  design  of  ceramic  composites  for  use  at  1000-1300°C.  To 
address  the  problem  of  limited  oxidation  resistance  of  B4C  above  1000°C,  a 
program  is  being  initiated  to  further  convert  the  B4C  fibers  to  B4Si  fibers 
which  hopefully  will  display  oxidative  resistance  similar  to  SiC. 

Aluminum  Diboride  Single  Crystal  Flakes 

AIB2  flakes  have  been  prepared  with  high  aspect  ratio  (200/1)  and 
shown  to  provide  outstanding  planar  reinforcement  in  epoxy  composites 
(flexural/tensile/compressive  moduli  values  range  from  40-45,000,000 
ps.i,  at  65%  loading).  The  flakes  which  are  crystallized  from  molten 
aluminum  are  unfortunately  isolated  in  the  presence  of  a  number  of  other 
cubic  crystals  such  as  AIB12,  C2Al3B48,MgAlBi4  and  C4A1B24.  This  of  course 
necessitates  an  extensive  separation  procedure  which  negates  their  direct 
use  as  a  reinforcement  of  aluminum.  The  program  currently  underway  is 
designed  to  eliminate  formation  of  the  undesirable  crystals  permitting 
concentration  and  processing  of  the  flakes  in  molten  aluminum  to  yield  the 
desired  composite  shape  in  one  step. 

Design  of  One  Step  Precursors  to  Carbon  and  Boron  Nitride  Matrices 

Carbon/carbon  composites  have  been  available  for  over  25  years  as  a 
commercial  product.  Typically,  the  manufacturing  process  requires 
multiple  reimpregnations  with  phenolic,  pitch  or  furfural  oligomers  to 
build  up  the  carbon  yield,  and  this  is  usually  followed  by  a  CVD 
impregnation  of  carbon  from  methane.  Total  time  of  manufacture  can  run 
up  to  5-6  months  making  for  a  rather  unwieldy  process.  In  our  program 
we  have  designed  a  diacctylenic  oligomer  which  carbonize  in  95%  yield  at 
800°C.  This  system  has  been  used  to  fabricate  carbon/carbon  composites 
in  one  step  in  an  overall  reaction  time  of  30  minutes. 

Similarly,  borazene  has  been  found  to  convert  to  BN  in  -  90%  yield  on 
heating  from  70°C  to  1000°C.  In  our  program  we  have  prepared  carbon 
fiber  (PAN  based)  reinforced  BN  matrix  which  displays  outstanding 
mechanical  properties  e.g.  ~  15,000,000  flexural  modulus  and  130,000  p.s.i. 
flexural  strength.  The  composite  was  annealed  at  1200C  for  30  minutes. 
Further  work  is  being  carried  out  to  better  characterize  the  nature  of  the 
BN  at  the  carbon  fiber  interface  and  also  to  improve  the  degree  of  order  in 
the  BN  structure  (i.e.  reduce  the  interlayer  spacing  to  3.40A). 
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PRESSURELESS  SINTERING  OF  SILICON  NITRIDE  COMPOSITE 

T.Yonezawa,  S. Saitoh,  M . Minamizawa ,  T.Matsuda 

Japan  Metals  &  Chemicals  Co.,  Ltd. 

No. 8-4,  Koami-cho,  Nihonbashi,  Chuo-ku,  Tokyo  103,  Japan 

ABSTRACT 

Silicon  nitride  composites  containing  up  to  20  wt%  silicon 
carbide  whiskers  were  slip  casted  to  orient  the  whiskers  two 
dimensionally,  parallel  to  the  plaster  mold  surfaces.  The 
sintered  body  with  20  wt%  whiskers  showed  98%  relative  density, 
950  MPa  flexural  strength  and  7.0  MPa  •  m’/2  fracture  toughness. 
Also  the  thermal  shock  resistance  was  found  to  be  as  high  as 
950  “C. 

INTRODUCTION 

Silicon  nitride  ceramics  have  a  good  balance  of  various  proper¬ 
ties  such  as  strength,  toughness,  thermal  shock  resistance, 
oxidation  resistance  and  the  like.  Wide  applications  of  silicon 
nitride  ceramics  such  as  use  for  automobile  parts  are  now  being 
developed.  Parallel  with  the  development  of  such  applications, 
further  Improvement  of  the  properties  of  silicon  nitride  ceramics 
themselves  is  being  promoted  steadily. 

Current  studies  of  the  composite  ceramic  materials  are  also  now 
active  in  order  to  obtain  remarkably  improved  properties.  In 
particular,  whisker  reinforced  ceramics  (denoted  as  WRC)  are 
attracting  a  great  deal  of  attention.’^  However,  there  are  very 
few  reports  describing  the  mechanical  properties  of  pressureless 
sintered  WRC^'^^and  the  reported  data  are  still  unsatisfactory, 
because  of  the  network  of  whiskers  in  the  green  body.  The  whisker 
does  not  shrink  during  pressurless  sintering,  and  the  whisker 
networks  prevents  the  material  movement.  Then,  the  sintered 
composite  has  a  lot  of  pores  and  low  strength  (shown  as  Fig.l-a). 

Hot  pressing  method  has  been  used  conventionally  for  the  pro¬ 
duction  of  a  high  dense  WRC During  hot  pressing,  the  pressure 
destroys  the  whisker  networks  and  rearranges  whiskers  oriented 
two  dimensionally  (shown  as  Fig.l-b).  WRC  can  be  densified  per¬ 
fectly  using  the  hot  pressing  method,  but  the  shapes  of  hot 
pressed  products  are  limited  to  the  simple  ones,  and  the 
fabrication  cost  of  the  products  are  also  expensive.  In  order  to 
extend  practical  application  of  WRC,  the  denslf ication  by 
pressureless  sintering  (up  to  1  MPa)  must  be  performed. 

If  we  would  make  a  green  compact  in  which  the  whiskers  were 
oriented  one  or  two  dimensionally,  the  shrinkage  toward  the 
oriented  direction  could  be  hindered  significantly,  but  the 
sufficient  shrinkage  could  be  possible  toward  the  direction 
perpendicular  to  the  oriented  direction  (shown  as  Fig.l-c). 

From  these  points  of  view,  we  had  compared  and  exaunlned  various 
compaction  methods,  and  as  a  result,  we  believe  that  the  slip 
casting  method  is  the  highest  possible  method  in  terms  of 
orienting  whiskers  one  or  two  dimensionally  and  also  in  terms  of 
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industrial  application.  We  had  succeeded  in  densifying  a  WRC  by 
pressureless  sintering  and  manufactured  some  practical  wares. f’-' 

EXPERIMENTAL  PROCEDURE 

The  silicon  nitride  powder  (grade:  SNP-8S,  Japan  Metals  & 
Chemicals  Co.,  Japan),  the  silicon  carbide  whiskers  (grade:  TWS- 
100  and  TWS-400,  Tokai  carbon  Co.,  Japan),  the  sintering  aids  and 
the  deionized  water  were  mixed  in  an  alumina  ball  mill  for  46 
hours  with  addition  of  the  def locculant .  The  average  diameter  and 
length  of  TWS-lOO  and  TWS-400  are  0.4  )jim  and  30  pim,  1.3  pi.m  and  50 
^im,  respectively.  The  amount  of  whisker  was  0,  10,  15  and  20  wt%. 
The  mixtures  of  yttria  (99.99%  pure,  Shin-etsu  Chemical  Co., 
Japan),  alumina  (grade:  AKP-30,  Sumitomo  Chemical  Co.,  Japan)  and 
Cordierite  (grade:  SS600,  Marusu  Yuyaku  Co.,  Japan)  were  used  as 
the  sintering  additives  and  those  amount  was  12  and  15  wt%.  After 
adjusting  the  viscosity  to  about  under  50  mPa*s  b*  adding  water, 
the  slips  were  casted  in  molds  of  plaster  of  P.iris.  The  solid 
content  of  the  slips  were  about  70  wt% .  The  green  compacts  (50  by 
50  by  6-10  mm)  were  dried  and  then  sintered  in  the  range  of  1600 
to  1750 =C  for  5  hours  at  0.1  MPa  of  nitrogen  or  1825 °C  for  2  to  6 
hours  at  1  MPa  of  nitrogen.  The  bulk  density  '  as  measured  by  the 
Archimedean  displacement  method  using  toluen.  The  relat.ive 
density  was  det  ermined  by  dividing  the  bulk  density  by  the  true 
density  calculated  from  the  composition  of  the  starting 
materials.  The  flexural  strength  was  determined  by  three-points 
flexure  on  bars  having  the  dimension  of  3.0  by  4.0  by  40.0  mm, 
with  polished  tensile  surface  ( JIS-R-1601 ) .  The  fracuture 
toughness  was  obtained  by  Single  Edge  Precracked  Beam  method 
(JIS-R-1607) .  The  thermal  shock  resistance  was  determined  as 
follows.  Inserting  theflexure  bars  into  a  resistance  heated  tube 
furnace,  soaking  10  tol5  min  at  given  temperature  and  then 
quenching  into  a  water-bath  (25  ®C)  .  The  test  bars  were  then 
broken  in  three-point  flexure  at  room  temperature  and  the 
flexural  strengths  were  measured.  The  microstructure  of  the  green 
and  sintered  bodies  were  studied  by  an  optical  and  a  scanning 
electron  microscopy. 


RESULT  AND  DISCUSSION 

By  controlling  the  properties  of  the  slips,  we  got  the  green 
compact  in  which  the  whiskers  were  oriented  two  dimensionally. 
Seeing  from  the  direction  parallel  to  the  mold  surface  with  the 
optical  microscope,  the  whiskers  were  alignment  in  the  same 
direction,  but  seeing  from  the  direction  perpendicular  to  the 
mold  surface,  the  whiskers  were  randomly  distributed. 

Figure  2  shows  the  anisotropic  shrinkage  and  the  relative 
density  of  the  composite.  As  the  whisker  content  Increases,  the 
anisotropic  shrinkage  Increases  and  the  relative  density 
decreases.  The  shrinkage  toward  perpendicular  direction  is  1.5 
to  2.3  times  larger  than  the  one  toward  parallel  direction.  The 
relative  density  increases  as  the  sintering  temperature 
Increases.  And  the  relative  density  of  composite  containing 
TWP-400  is  higher  than  the  one  containing  TWS-lOO.  As  the 
sintering  time  Increases  from  2  to  4  hours,  the  relative  density 
of  the  composite  with  20  wt%  TWS-400  goes  up  to  98%. 
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Figure  3  shows  the  flexural  strength  and  the  fracture  toughness 
of  the  composite  with  TWS-400  sintered  at  1825 °C.  As  the  whisker 
content  increases,  the  fracture  toughness  increases  but  the 
flexural  strength  reduced  at  20  wt%,  and  it  occurred  from  low 
relative  density.  The  sintered  body  with  20  wt%  TWS-400  sintered 
4  hours  showed  950  MPa  flexural  strength  and  7.0  MPa«m'^‘  fracture 
toughness. 

The  composite  has  a  excellent  thennal  shock  resistance.  Mono¬ 
lithic  silicon  nitride  sintered  at  1750  °C  exhibited  800  °C  of  a 
critical  thermal  shock  temperature  difference,  on  the  other  hand, 
the  composite  sintered  at  1750  °C  with  10  wt%  of  TWS-lOO  gets 
950  °C  of  a  critical  thermal  shock  temperature  difference  which 
is  20%  improvement. 


APPLICATIONS 

These  new  composite  materials  for  which  we  named  “KRYPTONITE" 
have  superior  thermal  shock  resistance  to  the  conventional 
silicon  nitride.  So,  the  various  applications  in  severe  working 
conditions,  where  rapid  or  local  heating  is  necessary,  will  be 
developed.  For  example,  the  heatertube,  stokes,  ladles,  etc.  used 
in  an  aluminum  casting  factories  are  expected  as  the  specifid 
application.  The  ladles  for  0.3  to  1.5  kg  molten  aluminum  and 
the  crucibles  for  3  kg  molten  aluminum  are  manufactured 

CONCLUSIONS 

By  orientating  whiskers  for  two  dimensionally  in  the  silicon 
nitride  matrix  using  the  slip  casting  method,  the  high  dense  WRC 
are  produced  by  pressureless  sintering.  The  sintered  composites 
have  good  mechanical  properties  especially  excellent  thermal 
shock  resistance  and  been  applied  as  ceramic  parts  for  molten 
aluminum  casting. 
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Ceramic  fibres  of  potential  interest  for  reinforcement  may  be  divided  into  four 
very  ‘different  types.  Those  made  by  chemical  vapour  deposition  onto  a 
substrate,  those  made  by  the  conversion  of  a  fine  precursor  fibre  into  a  ceramic 
fibre,  continuous  mono  crystalline  filaments  and  ceramic  whiskers.  The  first 
type  of  fibre  has  its  origin  in  the  early  1960’s  and  is  characterised  by  a  large 
diameter,  usually  between  100  and  140  pm,  good  mechanical  properties  but 
inherent  high  cost.  The  boron  and  silicon  carbide  fibres  made  by  the  CVD 
process  have  been  produced  on  both  tungsten  and  pitch  based  carbon  fibre 
cores  and  can  be  used  to  reinforce  metals.  Small  diameter  ceramic  fibres  began 
to  appear  in  the  later  1970's  with  the  development  of  the  a-alumina  fibre  FP 
from  Du  Pont.  These  fibres  have  diameters  of  around  20  pm.  It  was  the 
development  of  fine  diameter  silicon  silicon  carbide  based  fibres  by  the 
pyrolysis  of  polycarbosilane  precursor  fibres  however  which  stimulated 
research  into  reinforcing  ceramics.  These  fibres  have  diameters  generally 
between  10  and  20  pm  and  result  from  research  begun  in  the  1970's  .  The 
Nicalon  fibre  produced  by  Nippon  Carbon  and  which  resulted  from  this 
research  first  became  commercially  available  around  1982.  There  now  exists 
several  types  of  small  diameter  ceramic  fibre  which  are  candidates  for 
reinforcing  ceramic  matrices  and  their  number  is  likely  to  increase.  The  Tyranno 
fibre,  produced  several  years  after  the  launch  of  the  Nicalon  fibre  by  another 
Japanese  company,  Ube  Chemicals,  is  produced  by  a  similar  route  but  a  small 
amount  of  titanium  in  the  structure  gives  it  a  slight  temperature  advantage  as 
well  as  inhibiting  crystallisation. 

The  Nicalon  and  Tyranno  fibres  represent  the  first  generation  of  small 
diameter  ceramic  reinforcements  which  offered  the  possibility  of  reinforcing 
ceramics  and  glasses.  Both  Nippon  Carbon  and  Ube  Chemicals  have  retained 
the  names  of  their  fibres  so  that  more  recent  fibres  which  represent  a  second 
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generation  of  reinforcements  have  the  same  names  despite  substantial  changes 
to  their  compositions,  notably  a  reduction  in  oxygen.  The  presence  of  oxygen 
in  the  fibres  is  due  to  a  crosslinking  stage  in  the  production  of  the  precursor 
filament  which  is  usually  achieved  by  heating  in  air.  The  latest  versions  of  these 
fibres  which  are  not  yet  available  outside  Japan,  are  made  from  precursors 
crosslinked  by  radiation. 

An  alternative  route  for  the  production  of  ceramic  fibres  has  been 
adopted  by  a  number  of  compam'es  in  Japan,  U.S.A.  and  Europe.  These  fibres 
are  made  from  polycarbosilazane  precursors  and  produce  fibres  containing  C,  Si 
and  N.  The  U.S.  effort  which  was  Federally  funded  brought  together  Dow 
Coming  and  Celanese  which  produced  several  fibres.  The  one  which  seems  to 
be  being  produced  commercially  is  the  HPZ  fibre  made  by  Dow  Coming.  A 
similar  fibre  was  to  be  made  by  RJione  Poulenc  in  France  but  this  work  has  been 
discontinued.  Hoechst  has  developed  such  a  fibre  but  is  at  a  laboratory  stage. 
The  only  fibre  which  is  said  to  possess  an  almost  completely  stochiometric 
structure  however  is  made  by  Tonen..  It  should  be  noted  that  the  Tonen  fibre  is 
just  becoming  commercially  available  and  it  is  claimed  by  the  manufacturer  that 
this  silicon  nitride  fibre  is  stable  in  air  up  to  1400®C. 

Some  of  the  most  stable  materials  when  heated  in  air  are  oxides  and  since 
the  production  of  the  Fiber  FP  in  the  late  seventies  other  fibres  based  on 
alumina  have  appeared.  Du  Pont  produced  PRD  166  which  was  an  a  -alumina 
fibre  partially  stabilised  with  20%  wt  zirconia.  This  fibre,  like  its  predecessor, 
had  an  average  grain  size  of  0.5  pm,  possessed  a  high  Young's  modulus  and  a 
small  strain  to  failure  (0.5  %).  Alumina  based  fibres  have  also  been  produced 
by  Sumimoto  Chemicals  but  in  this  case  the  fibres  were  microcrystalline  and 
contained  15  %  of  silica.  The  result  was  a  drop  in  Young’s  modulus  of  nearly  50 
%  (200  GPa).  The  American  company  3-M  has  produced  a  range  of  fibres 
based  on  mullite  called  Nextel.  The  latest  a-alumina  fibre  to  appear  is  the 
Almax  10  pm  diameter  fibre  from  Mitsui  Mining. 

All  of  the  above  mentioned  alumina  fibres  are  polycrystalline  and  are 
promoted  as  being  potential  reinforcements  for  light  alloys.  All  seem  to  be 
restricted  to  temperatures  below  1200°C.  This  is  because  all  phases  of  alumina 
are  converted  to  a-alumina  at  around  this  temperature  or,  in  the  presence  of 
silica,  mullite  is  produced.  Grain  growth  due  to  grain  boundary  diffusion  occurs 
at  around  1200®C.  and  the  fibres  are  seen  to  creep  above  1000°C.  None  of 
these  fibres  retain  sufficient  strength  above  12(X)'’C  to  allow  them  to  be  used  as 
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a  reinforcement  however  the  fibres  may  be  able  to  be  used  as  refractory 
insulation  to  higher  temperatures  (1600°C). 

Most  of  the  problems  with  the  small  diameter  oxide  fibres  and  for  that 
matter  to  some  extent  with  the  other  small  diameter  ceramic  fibres  are  linked  to 
grain  boundaries.  The  production  of  single  crystal  filaments  is  clearly  one  way 
around  the  difficulty  and  this  philosophy  has  a  parallel  in  the  development  of 
monocrystal  superalloys.  Such  alumina  fibres  have  been  produced  in  the  U.S.A. 
for  nearly  twenty  years  under  the  name  of  Saphikon  and  renewed  interest  is 
being  shown  for  them.  The  fibre  retains  its  properties  at  high  temperature  in  a 
way  that  the  piolycrystalline  fibre  do  not  however  strength  loss  occurs  at 
discreet  temperatures  due  to  the  cleavage  of  the  crystal  structure. 

Single  crystal  filaments  are  also  found  at  the  other  extreme  of  fibre 
diameters  in  the  form  of  whiskers.  These  filaments  generally  possess  diameters  of 
between  0.5  and  1.5  pm  with  lengths  from  20  pm  to  250  pm  however  greater 
lengths  of  several  centimeters  have  been  made  in  the  USA  and  there  are  reports 
that  whiskers  having  lengths  of  more  than  ten  centimeters  are  available  in  the 
former  USSR. 
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INORGANIC  FIBERS  DIRECTLY  FROM  THE  VAPOR  PHASE. 

FREDERICK  T.  WALLENBERGER* 

Du  Pont  Fibers,  Experimental  Station,  P.  O.  Box  80302,  Wilmington,  Delaware  19880-0302 

PAUL  C.  NORDINE 

Containerless  Processing  Incorporated,  3453  Commercial  Avenue,  Northbrook,  Illinois  60062 

1.  Introduction 

We  wish  to  repon  (1)  a  new  generic  process  capable  of  making  small  diameter,  strong 
substrate-free  inorganic  fibers  including  carbon,  boron,  silicon,  silicon  carbide  and  silicon  nitride 
directly  from  the  vapor  phase  (2)  the  effect  of  variables  in  this  laser  assisted  chemical  vapor 
deposition,  or  for  short  LCVD,  process  on  the  properties  of  the  resulting  fibers  using  boron  fibers 
as  the  example  of  choice,  and  (3)  early  results  with  this  LCVD  process  regarding  other  fibers. 

2.  Background 

Several  fiber-forming  CVD  processes  a.-e  known.  The  best  documented  of  these  involves 
the  deposition  of  refractory  compounds  onto  a  heated  metal  or  carbon  filament.  A  commercial 
bicomponent,  boron/tungsten  sheath/core  fiber,  for  example,  is  made  by  this  method  for  structural 
composites  applications  by  reducing  boron  trichloride  in  the  presence  of  hydrogen  to  form  a 
deposit  of  boron  on  the  heated  tungsten  wire.  The  fibers  are  continuous,  but  have  large  diameters. 

Another  fiber-forming  CVD  process,  the  metal  catalyzed  vapor-liquid-solid  (VLS)  process, 
affords  single  crystal  silicon  carbide  fibers.  A  hot  liquid  droplet  of  a  metal  alloy  is  the  site  for  vapor 
deposition  and  subsequent  fiber  growth.  Fiber  growth  stops  when  the  catalyst  is  exhausted.  The 
process  is  very  slow  and  discontinuous  and  only  very  short  fibers  (often  erroneously  called 
whiskers)  result.  These  fibers  are  among  the  strongest  materials  known. 

*  Ph-esent  Address:  University  of  Illinois  at  Urbana-Champaign,  Department  of  Materials  Science 
and  Engineering,  204  Ceramics  Building,  105  South  Goodwin  Avenue,  Urbana,  Illinois  61801 
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Laser  assisted  fiber  processes  are  also  known.  The  best  documented  is  the  laser  heated 
pedestal  growth  (LHPG)  method.  It  uses  a  very  large  diameter,  crystalline  source  rod  and  an  annu- 
arly  symmetric  laser  beam.  A  molten  float  zone  is  created  in  the  in  the  source  rod.  A  seed  rod  is 
introduced  and  slowly  withdrawn  to  initiate  the  growth  of  single  crystal  fibers  including  sapphire 
and  other  optical  non-silica  oxide  fibers.  Growth  is  slow;  very  small  diameters  are  not  attainable. 

3.  LCVD  Fiber  Process 

Growth  of  strong,  substrate-free,  small  diameter,  fibers  including  carbon,  boron,  silicon, 
silicon  carbide  and  silicon  nitride  fibers,  has  now  become  possible  by  laser  assisted  chemical  vapor 
deposition  (LCVD)  at  substantially  higher  rates  than  any  other  fiber  forming  laser  assisted  and/or 
chemical  vapor  deposition  process  The  LCVD  process  uses  the  focal  point  of  a  laser  beam,  rather 
than  the  surface  of  a  hot  tungsten  wire,  or  a  hot  molten  catalyst  droplet  as  the  heat  source  to 
decompose  the  gaseous  reactants  at  above  atmospheric  pressures.  The  hot  focal  point  of  the  laser 
(Figure  1)  is  continually  adjusted  to  coincide  w-ith  the  tip  of  the  continuously  growing  fiber. 

The  boron  deposition  process  and  the  resulting  boron  fiber  were  selected  as  the  example  of 
clicice  to  illustrate  the  new  technology.  The  apparatus  for  growing  the  fibers  consisted  of  an  optical 
bench  with  a  continuous  5-watt  Nd-YAG  laser,  a  small  reaction  chamber  in  an  enclosed  laboratory 
hood,  a  system  for  delivering  the  feed  gases,  a  microscope  attached  to  the  reaction  chamber  to 
observe  and/or  record  the  growth  of  individual  fibers,  and  a  computer  to  drive  the  gas  supply, 
deposition  reaction,  and  fiber  growth.  A  small  reaction  chamber  was  used  as  a  research  tool 
suitable  for  producing,  side-by-side,  up  to  ten  individual  1.4  cm  long,  <10  to  >30  pm  diameter 
boron  fiber  specimens  along  the  edge  of  a  common  substrate,  e.g.,  a  carbonized  cardboard. 


The  small  reaction  chamber  was  found  to  facilitate  an  investigation  where  one  process 
variable  (e.g.,  pressure,  feed  rate,  pulling  rate)  was  being  changed  in  a  given  set  of  experiments, 
while  keeping  all  the  others  constant.  An  adaptation  of  this  process  made  it  possible  to  grow  up  to 
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2  meter  long  boron  fiber  specimens.  In  principle  the  process  is  capable  of  yielding  endless  fibers. 

Specifically,  pure  boron  fibers  were  grown  from  a  gaseous  mixture  of  40%  diborane  and 
60%  hydrogen  at  temperatures  ranging  fi'om  1000  to  1500K.  The  resultant  fiber  diameters  ranged 
from  9  to  100  pm,  but  much  smaller  diameters  are  possible.  The  fiber  diameters  achieved  in  this 
process  are  approximately  equal  to  the  diffraction  limited  laser  focal  spot  size.  The  size  of  laser 
focal  spot  is  in  turn  dependent  on  the  wavelength  that  the  laser  used. 

4.  LCVD  Fiber  Properties 

The  reactor  pressure  ranged  from  <100  to  >1000  kPa,  fiber  growth  rates  from  0.1  to  1 .0 
mm/sec,  and  tensile  strengths  from  <  3.0  to  >  7.0  Gpa..  Tensile  strength  increased  with  increasing 
reactor  pressure.  Strong  fibers  (>2.5  GPa)  were  readily  obtained  with  high  growth  rates  (>0.6 
mm/sec)  over  a  wide  range  of  pressures.  Ultra-strong  (7.6  GPa),  small  diameter  boron  fibers  were 
obtained  with  growth  rates  of  0.5  to  0.6  mm/sec  at  the  upper  end  of  pressures  used  (1020  kPa). 

The  new  boron  fibers  which  were  obtained  by  the  LCVD  process  were  x-ray  amorphous 
and  had  a  smooth,  uniform  fiber  surface.  According  to  their  absolute  and  specific  tensile  propenies 
(Table  I)  they  are  stronger  and  stiffer  than  the  other  major  composite  reinforcing  fibers  which  can 
be  made  in  the  form  of  continuous  fibers,  i.e.,  boron/tungsten,  IM  carbon,  and  Nicalon*  silicon 
carbide  fibers.  Reinforcing  fibers  and  composite  parts  are  often  used  in  weight  sensitive  appli¬ 
cations.  To  reflect  their  value  in  this  regard,  tensile  strength  and  modulus  are  expressed  in  terms  of 
specific  strength  and  specific  modulus  (strength  and  modulus  divided  by  weight  density). 

The  LCVD  boron  fibers  had  >0.7x  the  average  strength  and  modulus  of  single  crystal  VLS 
k  SiC  whiskers  and  >96%  of  the  specific  properties,  but  no  continuous  process  is  available  for  the 

latter.  As  a  result,  they  arc  among  the  strongest  and  stiffest  inorganic  fibers  known.  Early  results 
show  that  other  materials  which  can  be  formed  into  small  diameter  fibers  by  laser  assisted  chemical 
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vapor  deposition  include  carbon,  silicon,  silicon  nitride,  silicon  carbide,  germanium,  and  others. 
The  technology  is  expected  to  open  up  major  new  opportunities  both  in  the  non-silica  optical  fibers 
market  and  the  specialty  structural  fibers  market. 
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TABLE  I. 

Advanced  Inorganic  Fibers 


Fiber  Forming  Processes 

Pure  Boron 

Boron/W 

IM  Carbon 

Nicalon*/SiC 

S.  Cryst.  SiC 

and  Fiber  Tensile  Propenies 

Eibcis 

Fibers 

Eii?££S 

Fibers 

Whiskers 

Fiber  Forming  Process 

LCVD 

eVD 

PAN 

CARBOSILANE 

VLS 

Process  Capability 

continuous 

continuous 

continuous 

continuous 

discontinuous 

Fiber  Length,  Demonstrated 

long  (>2m) 

endless 

endless 

endless 

Shon  (4-2^'  -m) 

Fiber  Diameter,  mp.,  Average 

10 

100 

10 

17 

6 

Tensile  Strength,  GPa 

5.2 

3.5 

3.5 

2.6 

7.5  (28  mm  i 

Strength  ,  GPa  (Best  Sample) 

7.6 

5.1 

4.1 

3.1 

1 5.9  [4  mm) 

Tensile  Modulus,  GPa 

400.0 

400.0 

280.0 

190.0 

578.0 

Density,  g/cm^ 

2.3 

2.6 

1.8 

2.4 

3.2 

Specific  Strength,  km 

228.3 

135.9 

196.4 

109.4 

236.7 

Specific  Modulus,  103  x  km 

17.6 

15.5 

15.7 

8.0 

18.2 

Figure  1.  Laser  Fiber  Growth  (Schemarically) 
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HIGH-PERFORMANCE  BORON  NITRIDE  FIBERS  FROM 
POLY(BORAZINE)  PRECERAMICS 

Y.  Kimura,  Y.  Kubo,  and  N.  Hayashi 

Department  of  Polymer  Science  and  Engineering 
Kyoto  Institute  of  Technology,  Matsugasaki,  Kyoto  606,  Japan 


Abstract 

Boron  nitride  (BN)  fiber  was  fabricated  by  utilizing  an  organic  preceramics  which  was 
obtained  by  thermal  condensation  of  B,B,B-tri(methylamino)bora2ine  (MAB)  and  10  wt% 
of  laurylamine  (LA).  The  condensate,  poly{aminobora2ine),  was  melt-spun  into  thin  fibers 
by  an  ordinary  screw  extruder.  Its  spinnability  was  excellent  in  spite  of  its  low  molecular 
weight  (ca.  500),  because  the  condensate  consisted  of  planar  borazine  rings  as  the  melt- 
spinnable  carbon  pitch  is  composed  of  fused  aromatic  rings.  On  spinning  the  fiber 
surface  was  hydrolyzed,  and  the  fiber  became  infusible.  The  fiber  was  then  pyrolyzed  up 
to  1000°C  in  a  flow  of  ammonia  gas  and  was  further  sintered  up  to  1800°C  in  a  nitrogen 
flow.  The  strength  of  the  fiber  was  found  to  increase  above  1400°C  and  to  reach  1  GPa  at 
1800°C.  It  was  therefore  suggested  that  the  BN  fiber  is  free  from  the  degradation  above 
1400°C  where  most  ceramic  fibers  are  known  to  lose  their  original  strength. 

1.  INTRODUCTION 

Much  attention  has  recently  been  paid  to  hexagonal  boron  nitride  (h-BN)  because 
of  its  excellent  thermal,  mechanical  and  lubricating  properties.  One  of  the  most  striking 
characteristics  of  h-BN  may  be  small  specific  gravity  (2.26)  and  low  reactivity  with  metals 
and  ceramics  relative  to  common  ceramic  materials.  Therefore,  h-BN  can  be  utilized  as  a 
reinforcing  fiber  and  a  coating  for  other  ceramic  fibers  in  fabricating  fiber-metal  and  fiber- 
ceramic  composites. 

For  the  processing  of  h-BN  fiber,  however,  the  conventional  thermal  processes 
cannot  be  utilized,  because  of  its  difficulty  of  melting  and  sintering.  In  early  1970s, 
Economy  et  al.  invented  a  chemical  conversion  method  to  fabricate  BN  fiber  in  which 
boron  oxide  fiber  was  converted  to  BN  by  solid  phase  nitridation  in  an  ammonia 
atmosphere"*.  In  this  process,  however,  the  quality  control  of  the  precursor  fiber  and  the 
process  control  of  the  nitridation  were  not  easy.  Therefore,  a  new  process  called 
preceramic  method  has  been  developed,  in  which  processable  polymer  precursors  made 
of  the  same  elements  with  the  desired  ceramics  are  utilized.  In  this  method  the  structure 
and  properties  of  the  precursor  have  close  relation  with  the  performance  of  the  ceramics 
obtained.  Paciorek2,  Paine^,  and  Sneddon^  designed  various  derivatives  of 
poly(aminobora2ines)  as  the  BN  precursors,  although  these  precursors  could  not  be 
utilized  for  fiber  spinning.  In  this  paper  we  describe  a  new  derivative  of  poly{bora2ine) 
which  can  be  used  as  the  precursor  for  fabricating  BN  fiber.  It  was  readily  prepared  by 
thermal  condensation  of  B,B,B-tri(methylamino)bora2ine  (MAB).  Since  it  was 
thermoplastic,  it  was  melt-spun  into  thin  fiber  by  the  conventional  method.  The  fiber  was 
then  subjected  to  pyrolysis  to  obtain  a  high-performance  BN  fiber. 


2.  EXPERIMENTAL 
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2.1  Materials 

Methylamine  (MA)  and  laurylamine  (LA)  were  purified  by  distillation.  B- 
trichloroborazine  (TCB)  was  prepared  as  reported  previously^.  TCB  was  reacted  with  an 
excess  of  MA  in  toluene  at  room  temperature.  MAB  was  isolated  as  white  waxy  material 
(90%  yield):  IR  (nujol)  3460  (NH),  1410  cm-1  (B3N3  ring),  efC-i^lB  NMR  (CeDe)  8  26 


ppm. 


BCI3  +NH4CI 


r.t. 

- ► 

-HCl 


HH, 


Cl 


Cl 


Cl 


Cl 

-HCl  ci-®'N'®'Cl 
H 


HHCH3 

r  t  ' 

.H 

NHjCH,  K  N 

I  I 
-B^  ,B. 

NHCH3  N  NHCH3 
H 


2.2  Condensation  of  MAB 

About  20g  of  MAB  and  10wt%  of  LA  were  placed  in  a  140ml  tubular  reactor  fitted 
with  a  three-way  stopcock.  The  reactor  was  heated  to  200-260‘C  for  1h  with  the  mixture 
vigorously  stirred  on  a  magnetic  stirrer  and  with  nitrogen  gas  introduced  from  one  inlet  of 
■  he  three  way  cock.  During  the  reaction  MA  gas  evolved  out  of  the  system,  and  the 
condensation  product  became  gradually  viscous.  After  the  reaction,  the  product  was 
thoroughly  dried  in  vacuo  and  analyzed  by  spectroscopies,  '•h  NMR  (CeDe)  8  1.1  (t, 
CH3-C),  1 .45  (s.  C-CH2-C),  2.5  (m,  CH3-N),  2.2-3.0  (broad,  NH);  ^  1 B  NMR  (CeDe)  8  26 
ppm. 


2.3  Melt-spinning 

Using  a  micro  screw  extruder  with  a  nozzle  of  500pm  in  diameter,  the  condensate 
was  melt-spun  at  160-170°C.  The  extrudate  from  the  spinneret  was  taken  up  by  a  winder 
to  give  a  continuous  filament  of  about  50pm  in  diameter. 

2.4  Pyrolysis 

Several  pieces  of  the  above  filament  (or  powders)  were  placed  on  an  alumina  boat 
and  were  immediately  transferred  to  an  electric  tube  furnace.  The  temperature  of  the 
furnace  was  then  raised  to  600-1000'C  at  a  rate  of  100'C/hr  in  a  flow  of  ammonia  gas 
(30ml/min),  held  at  the  predetermined  temperature  for  an  hour,  and  cooled  down  to  room 
temperature.  The  pyrolysates  obtained  were  transferred  to  an  alumina  crucible  and  were 
further  sintered  at  1400  and  1800‘C  in  a  nitrogen  flow.  Their  chemical  and  physical 
properties  were  characterized  by  diffuse-reflectance  IR,  WAXS,  and  density 
measurements. 


3.  RESULTS  AND  DISCUSSION 


3.1  Condensation  of  MAB 

Table  I  shows  some  results  of  the  thermal  condensation  of  MAB  in  the  presence  of 
10wt%  LA.  We  had  found  before  that  the  thermal  condensation  of  MAB  without  additives 
gave  infusible  products  with  poor  spinnability  because  of  the  easy  formation  of 
crosslinks®.  In  the  presence  of  LA  the  degree  of  condensation  was  successfully 
controlled,  and  colorless  thermoplastic  products  were  formed  after  weight  losses  of  10- 
20wt%  due  to  the  elimination  of  MA. 


63 


Table  I  Thermal  condensation  of  MAB 


la  Content 
Run  No.  ,  .Q, . 

(wt%) 

Temp. 

(•C) 

Time 

(hr) 

Total  Weight  Loss 
(%) 

Mn* 

Spinnability 

1  10 

200 

1 

10.1 

— 

2  10 

220 

1 

13.4 

— 

3  10 

240 

1 

17.1 

470 

0 

4  10 

260 

1 

18.6 

— 

X 

*  Mw/Mn=1.75 


The  average  molecular  weight  of  the 
soluble  condensates  were  in  the  range  of  500- 
800  as  determined  by  GPC,  which  corresponds  to 
that  of  the  pentamer  or  the  hexamer  of  MAB.  The 
"I  "I  B  NMR  spectrum  of  the  condensates  exhibited 
a  single  peak  at  5  26  ppm,  which  was  identical 
with  that  of  MAB.  It  suggested  that  the  borazine 
rings  of  MAB  were  preserved  in  the  condensates. 
Therefore,  their  structure  is  postulated  as  1,  in 
which  LA  units  are  introduced  as  alkylimino 
chains  or  pendant  alkylamino  groups,  by  which 
the  intermolecular  crosslink  can  be  controlled  to 
maintain  the  thermoplasticity  of  the  product. 


NCH3 

I 

N  NH 
I  I 


NH 

I 

HN  N 

t  I 


^B^  ,B^ 

n'  N”^  N  N  NHR 

111' 

B  B  B^  B^ 

NH  \  /  NH  NHR 

HoN  NHCH3 

1 


3.2  Thermal  analyses  of  the 
Fig.  1  shows  the 
typical  DTA  and  T  G  A 
curves.  The  broad 
endothermic  peak  around 
85°C  is  due  to  the  melting. 
The  exothermic  peak 
ranging  from  200  to  430°C 
is  ascribed  to  the  further 
decomposition  of  the 
condensate  because  it  is 
accompanied  by  the 
weight  loss  in  TGA.  At 
900°C,  the  weight  loss 
became  38%,  and  a  black 
residue  was  obtained  by 
carbonization  of  the 
organic  groups. 


MAB  condensates 


Temperature  fC) 

Fig.  1  DTA  and  TGA  curves  of  MAB  in  nitrogen 


3.3  Pyrolysis  of  the  MAB  condensate 

The  MAB  condensate  obtained  at  240'C  was  directly  pyrolyzed  up  to  600,  1000, 
1400  and  1800’C.  Some  characteristics  of  the  pyrolysates  are  shown  in  Table  II.  The 
density  increased  with  increasing  the  sintering  temperature  and  reached  2.05g/cm  at 
1800'C  ,  which  is  slightly  lower  than  the  theoretical  density  of  2.26g/cm3  for  h-BN.  Their 
WAXS  are  shown  in  Fig.  2.  As  noted  in  the  sharpening  of  the  peak  of  (002)  planes  and  its 
shift  toward  the  value  3.33A,  the  crystal  lattice  of  h-BN  grew  gradually  with  increasing 
temperature. 


Table  II  Thermal  conversion  to  ceramics 


3.4  Melt  spinning 

The  spinnability  of  the  LA- 
containing  condensates  was  excellent  in  Temp.  Time  densiW  d(002)  color 
spite  of  their  low  molecular  weight.  The  {‘C)  (hr)  (g/cm^)  (A) 


best  melt-flow  of  the  extrudate  was 
obtained  for  the  condensate  obtained  at 
240'C  (Run  No. 3).  The  good  spinnability 
is  attributed  to  the  planar  structure  of  the 
oligomeric  condensate,  in  which  several 
borazine  rings  are  connected  with  each 
other.  This  structure  is  comparable  to 
that  of  amorphous  carbon  pitch'^  which  is 
utilized  as  the  precursor  of  carbon  fiber. 
The  latter,  having  molecular  weight  of 
800-1000,  consists  of  aromatic  fused 
rings  in  place  of  borazine  networks. 

In  these  structures  intermolecular 
aggregation  force  is  so  large  that  the 
spinnability  is  much  improved.  Fig. 3 
shows  a  typical  SEM  micrograph  of  the 
precursor  fiber.  The  cf^ss-seclion  of  the 
fiber  was  circular,  and  the  inner  phase 
was  homogeneous. 

3.5  Sintering  of  fiber 

During  the  spinning  the  fiber 
surface  was  slightly  hydrolyzed  to 
become  infusible.  Therefore,  the  fiber 
was  directly  sintered  up  to  1000°C  in  an 
ammonia  gas  flow  without  annealing  of 
the  fiber.  In  this  stage  the  sintered  fiber 
was  black  due  to  the  carbonization  of  the 
organic  residue.  The  fiber  was  further 
sintered  up  to  1800°C  in  a  nitrogen  flow. 
The  color  of  the  fiber  turned  brownish  at 
1  200°C  and  became  white  above 
1400°C.  When  the  sintering  up  to 
1000°C  had  been  done  in  a  nitrogen 
flow,  the  color  of  the  fiber  remained  black 
even  though  it  was  pyrolyzed  up  to 
1800°C.  This  finding  suggests  that  the 
pyrolysis  in  ammonia  flow  is  effective  for 
removing  organic  residue  and  carbon 
contaminants.  The  fibers  sintered  at 
1000  and  1  40  0°C  comprised 
homogeneous  phases,  while  the  one 
sintered  at  1800'’C  exhibited  a  slight 
grain  growth  in  its  cross-section. 
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Fig.  2  WAXS  of  the  MAB  pyrolysates 
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Fig. 3  SEM  of  precursor 
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3.6  Mechanical  properties 

Fig.  4  shows  the  changes  in 
tensile  strength  and  modulus  of  the 
fibers  as  a  function  of  sintering 
temperature.  The  modulus  was 
increased  with  increasing  temperature, 
while  the  tensile  strength  decreased  at 
1400°C  and  increased  again  at  the 
higher  temperature.  The  highest  tensile 
strength  and  modulus  were  0.98  GPa 
and  78  GPa,  respectively,  which  are 
even  higher  than  those  of  BN  fiber 
reported  beforeT  Most  ceramic  fibers 
prepared  thus  far  are  known  to  occur 
serious  deterioration  above  1400°C 
because  of  the  abrupt  crystallization 
and  coarse  grain  growth.  The  present 
BN  fiber  is  characterized  by  the 
exceptional  increase  in  strength  at 
temperature  higher  than  1400‘C, 
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Fig. 4  Changes  in  mechanical  properties 
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Abstract 


Titanium  diboride  appears  to  be  an  attractive  candidate  for  a 
high  temperature  reinforcing  fiber  for  intermetallic  matrix 
composites.  Titanium,  diboride  has  high  modulus,  reasonably  low 
density,  a  moderate  thermal  expansion  coefficient  and  is  thermo- 
dynam.ically  compatible  with  a  number  of  potential  intermetallic 
matrices.  However,  there  is  considerable  disagreement  in  the 
literature  about  its  high  temperature  creep  behavior.  This  work 
was  performed  to  prepare  TiB,  fibers  for  evaluation  of  mechanical 
behavior  using  chem.ical  vapor  deposition.  A  simplified  finite 
elem.ent ,  dynamuc  analysis  model  is  used  to  describe  the  chemical 
vapor  deposition  of  titanium  diboride  fibers  in  a  cold  wall  reactor 
at  atmospheric  pressure.  The  gas  mixture  considered  is  titanium 
tetrachloride,  boron  trichloride,  hydrogen,  and  hydrochloride.  A 
description  of  the  model  and  the  computer  program  algorithm  and 
subroutines  are  described.  The  application  of  this  model  to  study 
the  effect  of  deposition  parameters  on  TiB,  growth  and  the  mecha¬ 
nism.  of  rate  limiting  processes  is  discussed.  For  the  mass  trans¬ 
port  rate  lim.ited  process,  the  rate  limiting  mechanism  changes  from 
exhaustion  of  BCl,  and  TiCJ,  at  high  dilution,  to  slow  BCl,  and  TiCl^ 
diffusion  at  moderate  concentrations,  to  slow  HCl  diffusion  away 
from,  the  fiber  surface  at  high  reaction  concentrations. 
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CREEP-RELATED  LIMITATIONS  OF  CURRENT 
POLYCRYSTALLINE  CERAMIC  FIBERS 

JAMES  A.  DiCARLO 
NASA  LEWIS  RESEARCH  CENTER 
CLEVELAND,  OH  44135 


ABSTRACT 

For  a  thermostructural  composite,  it  is  desirable  that  the  reinforcing 
fibers  display  high  stiffness  (modulus)  and  high  strength  relative  to  the 
matrix,  and  maintain  these  properties  to  as  high  a  temperature  as  possible. 
Among  other  benefits,  this  allows  the  composite  to  operate  in  the  elastic 
range  to  high  stresses  over  a  wide  temperature  ringe.  For  polymer  and  metal 
matrix  composites  reinforced  by  currently  available  ceramic  fibers,  this 
condition  is  genr’rally  achieved  up  to  the  maximum  use  temperatures  of  these 
composites.  This  is  the  case  because  use-limiting  effects  are  typically 
related  to  the  mctrix  (e.g.,  oxidation,  plasticity)  and  occur  at  temperatures 
lower  than  -800',  where  current  ceramic  fibers  first  begin  to  show  significant 
creep-related  st  ffness  and  strength  degradation{l) .  For  ceramic  matrix 
composites  (CMC),  however,  this  loss  in  fiber  structural  properties  can  occur 
in  the  use  temperature  ranges  projected  for  a  variety  of  high  performance 
structural  applications.  Indeed,  in  some  cases,  current  ceramic  fibers  show 
stiffness  and  strength  losses  at  temperatures  well  below  those  where  similar 
effects  occur  in  potential  ceramic  matrices.  At  the  present  time,  the 
structural  implications  for  these  effects  have  not  been  fully  comprehended, 
either  experimentally  or  theoretically.  Clearly,  critical  questions  arise  as 
to  whether  for  any  application  above  -800°C,  the  creep-related  change  in 
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Structural  properties  displayed  by  current  ceramic  fibers  can  be  tolerated 
and,  if  not,  what  minimum  properties  should  be  displayed. 

The  purpose  of  this  paper  is  to  present  a  status  overview  of  the  creep 
properties,  current  limitations,  and  possible  improvement  approaches  for  those 
polycrystalline  ceramic  fibers  with  current  potential  as  reinforcement  in  high 
temperature  structural  composites.  This  is  accomplished  first  by  a  discussion 
of  how  fiber  creep  influences  the  thermostructural  service  lives  of  composites 
through  such  important  engineering  properties  as  dimensional  stability, 
strength  stability,  and  failure  behavior.  Special  emphasis  is  placed  on  CMC 
and  the  key  fiber  properties  that  affect  their  high  temperature  reliability 
(2,3).  Because  service  life  requirements  vary  widely  from  application  to 
application,  generic  property  limitations  are  assumed  for  purposes  of  fiber 
comparison.  For  example,  for  a  dimensional  stability  requirement,  a  fiber 
tensile  creep  strain  of  less  than  1%  is  assumed  for  a  constant  service  stress 
of  100  Mpa.  For  a  typical  fiber  Young's  modulus  of  200  Gpa,  this  imposes  an 
upper  limit  of  50  for  NCS  «  -  normalized  creep  strain.  Here  and  e, 

are  fiber  tensile  creep  and  elastic  strains,  respectively.  However,  arguments 
are  presented  that  suggest  that  when  composite  lives  are  limited  by 
maintenance  of  specific  strength  levels  or  avoidance  of  catastrophic  failure, 
NCS  values  much  less  than  50  will  probably  be  required. 

With  this  background  in  property  requirements,  the  status  and 
performance  issues  for  currently  available  fibers  are  then  reviewed  in  terms 
of  their  creep-related  properties,  such  as  creep,  stress  relaxation,  and 
stress  rupture.  Because  of  the  general  technical  need  for  long-term 
performance  in  oxidizing  environments,  focus  is  placed  on  two  general 
compositional  classes;  Si-based  (e.g.,  SiC  and  SijN^)  and  AljOj-based  fibers. 
In  order  to  better  elucidate  creep  issues  and  underlying  mechanisms  for  these 
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fiber  classes,  they  are  further  subdivided  into  generic  types  based  on  the 
fiber  fabrication  approach,  for  example,  chemical  vapor  deposition,  polymer 
pyrolysis,  sintering,  sol  gel,  etc. 

To  evaluate  and  compare  the  creep  performance  of  each  fiber  type,  some 
recent  advances  in  creep  testing  and  modeling  of  polycrystalline  ceramic 
fibers  are  discussed  (4,5,6).  These  advances  center  on  a  simple  bend  stress 
relaxation  (BSR)  test  (Fig.l).  This  test  was  developed  at  NASA  because 
literature  data  on  fiber  creep  are  scarce  and  because  NCS  values  below  50 
require  accurate  data  in  the  primary  creep  stage,  a  region  best  evaluated  by 
stress  relaxation  measurements.  It  is  shown  that  BSR  data  on  both  commercial 
and  developmental  fibers  can  be  used  not  only  to  indicate  the  time-temperature 
conditions  for  the  onset  of  strength  degradation  effects  in  each  fiber  type, 
but  also  to  compare  and  rank  fibers  in  terms  of  their  resistance  to  stress 
relaxation  (Figs.  2,  3).  Also,  using  some  simple  basic  assumptions,  it  is 
shown  that  the  BSR  data  can  be  converted  to  accurate  predictions  of  tensile 
creep  strain  as  a  function  of  time,  temperature,  and  stress  when  the  fibers 
are  subjected  to  constant  stress  and  constant  temperature  conditions.  This 
tensile  creep  modeling  in  turn  permits  estimates  to  be  made  of  upper  use 
temperatures  for  each  fiber  type  for  a  given  service  stress  and  life 
requirement.  Assuming  a  service  life  of  300  hours  and  an  optimistic 
requirement  of  NCS  -  50,  it  is  shown  that  currently  available  commercial  Si- 
based  and  AljOj-based  fibers  can  only  attain  upper  use  temperatures  of  about 
1200  and  1000°C,  respectively  (cf.  Fig.  4).  On  the  other  hand,  some 
developmental  fibers  are  shown  to  be  approaching  temperatures  more  desirable 
for  use  in  advanced  CMC  applications  (Fig.  3). 

Using  basic  materials  engineering  theory,  suggestions  are  then  offered 
regarding  microstructural  alteration  approaches  that  might  be  taken  by  each 
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fabrication  method  in  order  to  produce  polycrystall ine  fibers  with  optimum 
creep  resistance.  These  approaches  are  based  on  eliminating  or  minimizing  the 
underlying  creep  mechanisms  operating  in  the  various  types  of  currently 
available  commercial  fibers.  Insight  into  these  mechanisms  is  gained  by 
examining  such  factors  as  the  creep  activation  energy  which  is  directly 
measured  in  the  BSR  test.  The  fact  that  some  of  the  developmental  fibers  are 
already  taking  microstructural  steps  in  the  right  direction  is  discussed. 
Finally,  the  paper  is  concluded  with  a  brief  discussion  of  the  potential 
temperature  benefits  to  be  gained  if  these  improvements  can  be  fully 
implemented  in  polycrystalline  ceramic  fibers  or  if  processing  methods  can  be 
developed  for  fabrication  of  more  creep-resistant  single  crystal  fibers  (cf. 
Fig.  4). 
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FIGURE  1.  BEND  STRESS  RELAXATION  TEST 
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FIGURE  2.  TEMPERATURE  -  DEPENDENCE  OF  STRESS  RELAXATION  RATIO  FOR  SOME  S 
BASED  FIBERS 
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1 .  Introduction 

Advaiiced  coupositas  have  acquired  tha  position  of  "Prime 
‘laterials"  for  most  of  the  critical  applications  in  aero-space, 
Defence  as  wall  as  Lniustrial  sectors.  The  reinforcement  fibres 
for  such  advanced  composites  mainl/  are: 

a)  Glass  fibres 

b)  Polyamide  fibres,  a:i.i 

c)  Cax'bon  Fibres 


Out  of  these,  carbon  fibres,  beiny 
dominate  the  scenario  specially  -./hen  the 
elevate te  nporat'ures . 


lij''.t  and  oiost  refractory, 
product  application  is  at 


Historically,  first  patent  on  carbon  fibres  development  was 
i.ifact  filed  on  ■Jovember  Ist,  1379.  These  carbon  fibres  of  Hdison 
were  prepared  by  pyrolysis  of  Celluose  aiid  were  structurally  v:eadc. 
T'le^'  served  v/ell  as  fila;.ient3  in  electric  light  bulbs  'until  t'ungsten 
filaments  aime  into  vogue.  Tiie  carbon  fibre  was  used  in  electrical 
bulbs  as  late  as  I960  in  *J3  Havy  Slips  because  they  withstood  ship 
vibrations  better  tha-i  tungsten.  Tie  (stract'urally  stron^)  carbon 
fibres  ’..'ere  infact  reinvented  iurlnj  later  half  of  1950.  Since  then 
there  have  been  n'U-.aerous  efforts  to  ma’ce  cai'bon  fibres  with  better 
and  better  mechanical  properties. 


lia'w’  'laterials  for  Carbon  Fibres 


Fro'_  out  of  the  lon^  list  of  candidate  raw  .materials,  to'^.ay 
!  is  one  of  the  most  oonular  and  oro..J.sing  orecursor  for  the  variety 
of  .-.'ell  qualified  reasons  like  high  carbon  yield,  exhibition  of 
plasticity  at  around  ISO^C,  a  very  strong  carbon  back-bone  etc.  etc. 


r.ie  first  brea’:  through  in  the  develoyaent  of  carbon  fibres 
•.;as  trought  out  simultaneously  by  .Ohin'do  in  Japan  and  Hatt  et  al 
in  doyal  Aircraft  2stablish.Dent  in  'J.K.  It  v;as  soon  established 
that  q'uality  of  PAH  precursor  ajid  lev:  temperature  ther.ial 
stabilisation  conditions  are  t'..'o  controlling  factors  for  developiiig 
hi -9i  uerfor..iaice  carbon  fibr.es  fro.m  P.-fl  .precursor. 


Ey  all  stsLidards, 
developing  far  superior 
exjlai.ns  tae  do.iination 
ovjr  (/jH  of  tot  il  ..'orld 
alone ) . 


Japanese  PA!!  fibre  industry  .has  excelled  in 
precursor.-  require'l  for  carbon  fibres.  This 
of  Japanese  carbon  fibre  production  the  ’.;orld 
production  of  carbon  fibres  co.mes  fro.  i  Japa:'i 


v.h  ;o 


7A 


3.  Develop. i3nt  of  Carbon  Fibres; 

Followiaj  flo.;  dia^a-3  stu'-aariaos  tha  steps  involved  in 

the  laa.vx'aature  of  carbon  fibres  fron  PAi; 


STABILIZED 

PAN 

MAIN  STEPS  IN  THE 


C.F  C.F  C.F 

TYPE  A  TYPE  II  TYPE  I 

MANUFACTURE  OF  CARBON  FIBER  FROM  PAN 


The  second  aost  critical  step,  after  special  precursor,  is  tne 
lo./  te.joarature  stabilisation  wherein  the  open  chain  structure  of 
?AI  is  converted  into  ladder  pol/ner  which  is  associated  with  a  larje 
exother.n  as  shovan  in  followinj  reactions: 


CH2  CH2  CH2  CH2 


CYCLIZATION  REACTION  OF  POLYACRYLONITRILE. 

If  this  enothern  is  not  controlled  it  is  liable  to  cause  dauja^^e  to 
the  orijinal  P/dJ  structure  and  hence  vri.ll  result  in  deterioration 
of  carbon  fibre  properties.  Additional!/  tha  quality  of  tha 
stabilised  PAI'*  fibre  depends  on  atleast  follo;riLn^  factors: 


1 .  Te.~jperature  of  o:d.dation. 

.  Tension  t-ivan  to  the  fiore  tow 

.  Tiue  of  oxidation 

.  Anbiant  used 

.  ?uite  of  heaii.nj 
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INTERMOLECULAR  CROSS-LINKING  OF  OXIDIZED  FIBERS  THROUGH  DEHYDROGENATION 
[FROM  MANOCHA  L.M.AND  eAHL.0.P(l980),FIB.  SCI.TECHNOL.13,199] 


Tills  alon-3  denonstrates  hov;  complicated 
It  is  o.ily  throujh  proper  h:iov7led<je 
perfor.uaioo  c.iroon  x'isra  iavalo^  lent  can  be 


the  stablisation  step 
of  this  ste^v  that 
■aiierstood. 


bij^arc  1  sho./s  neat  flo.; 
since  the  c  'clisation  reaction 
starts  aroail  200  C  v/itn  a  h:s: 


behaviour  of  ?/l.  rfhen 
is  exothermic  in  nature. 
La  a  arosni  lop  G.  ’-lost 
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The 
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FIG.1.  DSC  CURVES  OF  PAN  FIBERS 
A.  IN  PRCSENCE  Of  AIR 
fi.  IN  PRESENCE  OP  MTROOEN  HEATING 
RATE  St/MIN 
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’/-■  notice  thin  fijoro  tnc.t  t'nero  in  a  G-nnll  onoul'ior  oxii 

ai'oaii  323  C  to  •.7'iic!a  no  isportn-ncn  han  reports  ily  been  iivei  bp 


•-i-v  ean'lijr  inveatijatorn.  ’.’e  have,  for  tho  first  tine  entablio"  A 
"t^.at  t'nio  naxiina  plapo  an  inporta.it  rolo  i'jrin_;  tbcraal  otabilioation 
3'.  .  ~ollo.;ln^  tvo  reictioni  ta't-o  _jlnc9  •.non  -'VI  stabliontlo/i 
io  carrloi  upto  soconi  naiciaa. 


Hi 

H  I  H 


OH  OH 
I  H  I 

AiA 


H* 
H  i 


+l/20a  -► 


OH  OH 
I 


+  HiO 


REACTION  - 1 


rcN*!  rcNi 

'  '  !  I 

I  II  I 

•  N  '  !  N  ' 

iwJ 

^Ch  cfl 

"CH''  \ 

I 

CN 


REACTION -2 


-2HCN 


/CH^3 


XH  CH 
2'^CH'^4\ 


iiie  i.iteroolec^alar  croon  reactions  introiuceo  ri^iLnoos 

in  tne  structure  ■..’hereas  tne  i3b/:lroj;ination  reactions  ir.trol  aces 
uiiitionul  -rouaticit/  in  tie  basic  struat'ure. 

?A'  flore  stubilisei  unto  secon;;  .aa;:iua  sbo’.*  e.itireV  different 
structure  a;id  a  .uo.lel  has  been  pro^xised  to  explain  the  structure 
development.  It  is  pertinent  to  laention  hare  that  such  stabilise! 
fibres  can  be  carbonised  in  a  natter  of  1-2  .uLnuteo  only  as  compared 
to  5C-60  minutes  enplo/ei  for  nor..ial  stabilised  PAIJ  fibres.  We  have 
established  that  the  fibre  stabilisation  by  rollo\d.nji  ae’u  approach 
t^ives  carbon  fibres  with  improved  aechanical  properties. 

4*  Post-soinnin  :  .nodlfi cation  of  PAT?  precursor 


The  superior  jrades  of  PA  I  precursor  developed  by  Japan  are 
not  available  to  others  ;ho  wish  to  develop  carbon  fibre.  T  w 
prec.irsor  avail  ole  to  oaher  Europoan  countrie.3  and  devclope' 
countries  could  lea!  to  c-urboa  .'‘'ibras  vrith  certain  neohanicul 
pro.jertijs  beyoa'  nich  it  was  not  possible  to  i  iprovo  the  i  fiu'ther 
because  of  t':e  precursor  nuality^  Additionally,  direct  lineni* 
dependence  of  carbon  fibi’e  stiffness  ('■!??  103D^C)  on  the  .srecursor 
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ioui__'s  :noialu3,  has  alroiV  bse-'i  Gstablish  ii  (M^.  .1) , 


Yp  XIO®PSi— • 

FIG.  2  RELATIONSHIP  BETWEEN  THE  PRIMARY  YOUNG'S 

MODULUS  OF  THE  PRECURSOR,  Yp,  AND  THE  YOUNG'S 
MODULUS  OF  THE  RESUUING  CARBON  FIBRE, Yc 


V'tuiiis  hiV3 
.10  lifications 


thersforo  baaa  uriilart-aha.i  to  c.irr/  out  tho  po5t-3_;ia*.i;:^ 
of  such  availablo  procursor  to  iiprovs  tho  carbon  fahrs 


I::  'I?L  v;o  hava  carriai  out  extensivo  stuiies  on  the  precursor 
luoaification  line 

i)  otratchinp  in  prasa.ica  of  CuCl,  Banosic  acid,  D:i?,  Acetic  Acia, 
Punalic  acii,  nitrogen,  air,  etc. 

It  nas  been  possible  to  lo.^/er  the  activation  ener^-  of 
cyclization  fro.i  nor.aal  130  rCJ/.iole  to  about  100  K  J/;uola,  This 


subse.juently 

affects 

Tiie  iou:i_,’3 

loVolus 

fou^’  fell 

iu jroveui 

pi'ec'Ji’sor  .;u 

inta  carbon 

fiero  , 

,  r.his  is  treuenious  inproveuent  i.i  t.he 
"ov.'svcr  translation  of  this  precursor  i.ii-.rove.aent 
_)3rties  is  quite  liniiteJ.  Details  '.;ill  be 

presentei. 

ii)  Treatuent  with  aquous  solution  of  -f-nO^ 

ICLaO.  Ins  been  fooni  to  be  very  excitinj  plasticizer/catalyst. 
-  C^=  '.I  co-nju^ation  has  been  confirnei  t^oujh  FTI?.  analysis. 
This  type  of  conjugation  helps  are  easy  flow  of  the  fibre  -.d-tho’-it 
rejisteriny  boni  breahaje  etc.  The  activation  enery^^  of  cyclization 
^■oes  down  to  90  ’'J/raole.  .  30-1  OO.T  improvenont  in  the  tensile  strenjth 
of  carbon  fibres  has  been  acliievel  as  conpareJ  to  the  strenyt'i  of 
u-iio-ifiel  precursor.  Strain  to  .failuu'e  of  the  carbon  fibres  joes 
u.yto  1.7  to  1.2D.  This  study  clearly  demonstrates  that  not  only 
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-na  ^racurjor  ia  in;jortant,  ujt  at  t'u  ti.i,- 

procaaai::_,  para.r.atoi’j  jtajlisatiun  ani  ciirbo.iizatio.i  cao  ./I'-p 

vital  rol-3  i.i  J2ttia_  perfor.r.a.ic3  carbon  fihran. 


iii)  A  na,.’  taclmi.vja  of  no.lification  uoin^  ’tvo  iiffera.it  chaTiia  ;! 
jpaoiCii  ^layl.ij  t-..’o  iifferant  rolao  na.;aly  plaoticiiiinj  a;il  pro..:o':iaj 
catalytic  cyclisatio.i  iias  baan  e.iployei.  The  u.i;:oiifioi  as  ;elT 
as  bi  iaoiifiei  precursors  have  been  characterizei  for  their 
rechanioal,  physical  ani  ther.nal  behavio'ur  iurinj  various  sta-es 
of  processLaj  to  carbon  fibres.  Details  vrill  be  presente  1. 

Broadly  spea-’cinj  there  are  three  uain  objectives  to  be  fulfilloi 
t';irou-h  precursor  no iif ication .  These  are: 

a)  Thinnin-  of  the  PA.’J  fibres  ani 


b)  Stabilization  unifornity 


jro.'e’iant  in  the  basic  structure. 


rr.e.'o  factors  ara  vital  for  ac.iievin^,  perfor.aa.ica  carboi 


UNMOOJFIED  V//A  I  ImODIFIED 


IMPROVEMENT  IN  THE  CARBON  FIBRE  PROPERTIES  OBTAINED  THROUGH 
MODIFICATION  OF  THE  PRECURSOR. 


'.'orll  Scenerlo 


Biyures  3  4  belo  ;  describe  yrii^hically  the  various 

lu  carbon  fiores  availaola  co.'....erc.ially  a.ii  consu  .ptio.i 
ai7a.iC3;i  co.j..>ositos.  batails  ./ill  be  presented. 


FIBRE  TENSILE  STRENGTH 
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SILICONIZING  REACTION  OF  CARBON  FIBRES 

S.YAMADA,Dept.Mater.,Fac.Sci.i  Engg..Tiie  Nishi  Tokyo  Lniv., 
L'enohara  .  Yamanash  i  409-01  Japan. 

E.  YASLDA*.Y.TANABE'*'.T.AKATSU*  and  M  .  SH  I  BLVA**  . 

*  Res.  Inst. Engg. Mater.. Tokyo  Inst. Tec. h. 

**  Dep  t  .  1  nd  .  Chem  .  .  Fac  .  Engg  .  .  Toka  i  L’niv. 

I . Introduction 


Recently  it  has  been  made  clear  that  high  performance  carbon 
fibresllcng  length)  are  able  to  improve  the  fracture  toughness  of 
ceram.  ic  matrices  basically. through  a  process  of  FW(filam.  ent 


windingibv  using  organic  bi 
25  MPa . m  ^  of  apparent  K 
resistivity  vs.  oxidation  of 


compouR ds. providing  as  high  as 
jQ  to  Si2N4-  However.  the 
carbon  fibres  limits  the  range 


its  application  obviously.  In  order  to  develop  the  ceramic 


composite  for  higher  temperature  uses  such  as  ceramic  engine 
being  endurable  at  over  1300°C.  the  fibres  also  have  to  stand  the 


situation.  For  this  purpose,  siliconizing  reaction  of  carbon 


fibres  to  obtain  SiC  partially  or  totally,  was  investigated. 


II.  Precursor 


Both  precursors,  a  high  modulus  graphitized  fibre(.M-40  deiiv.'ered 
bv'  Tora>',a  P. AN -  derivative)  and  an  air-oxidized  P.AN.  so-called 
O.XYPAN  (delivered  by  To  ho  Rayon),  were  employed;  while  SiO  and  Si 
were  used  as  Si -sources. The  fibres  were  put  on  the  SiO  or  on  Si 
in  a  graphite  crucible  and  heat-treated  in  a  Tam man-typed 
graphite  oven  at  1700°C  under  reduced  pressures  of  -76.-50  and 
20  cmHg(gauge).  as  well  as  norma!  pressure  (0  cmHg  gauge). 

-SiC  formed  was  semi-quan  titatively  determined  by  XRD  by  using 
calibration  curves. corresponding  to  both  precursors.  It  also 
means  that  the  siliconized  fibres  are  not  amorphous  as  well- 
known  SiC  fibres  such  as  N'icaion  and  Tirano-fibre  but 
polycrystalline  SiC. The  reason  why  such  reduced  pressures  were 
studied.  lay  in  the  fact  that  the  SiC  whisker  formation  was 
remarkably  retarded  b>’  pressure.  where  the  thicker  whisker 
formation  by  a  slower  crystallization  could  be  realized. In  this 
case.  SiC  formation  should  be  accelerated  on  the  contrary.  The 
result  is  as  illustrated  in  Figure  i. 


A  variety  of  SEM  obs 
derivatives  resulted 
provided  no  smooth  sur 
precursors . 

III.  Condition  of  the 

According  to  above  men 
tne  starting  materials 
!700°C  and  pressures 


er vat  ions  showed  that 
in  cracks  in  every 
face  of  the  specimens 


siliconizing  reaction 

tioned  result. M-40  and 
Reaction  temperature 
were  the  same  as  abov 


all  of  the  OXYPAN- 
filament;whereas  Si 
derived  from  the  both 


SiO  were  selected  as 
s  were  1500.1600  and 
e. Figure  2  shows  an 


overview  of  carbon  fibre(M-40)  reacted  with  SiO  under 
conditions. 
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t  h  e  s  e 


Here  it  can  be  seen  that  only  the  product  of  reaction  under  -76 
err,  Hg  at  e'v’ery  temperature  shows  very  soft  fibrous  appearance. 
This  fact  corresponds  with  the  SEM  observations  as  shown  in 
Figure  3  for  example,  where  only  the  specimens  obtained  under  -76 
cmHg.not  only  in  Fig.3(1600°C  x  Ih)  but  also  in  a!i  the  other 
ones  obtained  at  1500  and  i700°C. showed  ”  an  inclinec 
structure ".being  obviously  different  from  the  others  having  a 
definite  boundary  just  like  a  sword  and  its  sheath. 


The  formation  mechanism  of  such  an  inclined  structure  should  be 
m.  ade  clear,  together  with  the  mechanical  strength  of  thus  formed 
long  fibres,  as  well  as  the  oxidation  resistivity  of  them,  it  is 
now  being  carried  on. 
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THE  DUAL  NATURE  OF  VAPOUR  GROWN  CARBON  FIBRES 


Hans  Jaeger  and  Tom  Behrsing 
CSIRO  Division  of  Materials  Science  and  Technology 
Locked  Bag  33,  CLAYTON,  VIC  3168. 


INTRODUCTION 


Carbon  fibres  can  be  readily  grown  by  exposing  finely  divided  metals  such  as 
Fe,  Co  or  Ni  on  a  support  to  hydrogen/  hydrocarbon  mixtures  at  temperatures  >=800 
“C.  This  causes  a  fraction  of  the  metal  particles  to  lift  off  the  support  producing 
behind  them,  anchored  to  the  substrate,  cylindrical,  hollow-core  filaments  with 
diameters  similar  to  those  of  the  metal  particles.  These  so  called  primary  filaments 
are  progressively  thickened  to  secondary  fibres  by  deposition  of  carbon  resulting 
from  the  pyrolysis  of  the  hydrocarbon.  Lengthening  of  the  fibres  ceases  when  the 
metal  particle  becomes  covered  with  pyrolytic  carbon  ‘  ^ 

Previously  little  has  been  reported  about  the  two  stages  of  growth  because 
under  conditions  where  visible  fibres  are  produced  the  stages  are  concomitant  though 
successive  for  a  given  part  of  a  fibre.  However,  it  has  been  observed  that  near  the 
hollow  core  of  primary  filaments  00/  type  planes  are  straight  and  parallel  to  the 
filament  axis^. 

Here  we  show  that  the  differences  between  primary  filaments  and  secondary 
fibres  can  be  studied  with  electron  microscopy  when  secondary  fibres  are  fractured 
or  when  the  deposition  of  pyrolytic  carbon  is  largely  prevented.  A  theoretical 
analysis  of  diffraction  patterns  of  primary  filaments  studied  in  this  work  has  been 
reported  elsewhere^. 


EXPERIMENTAL 

The  fibres  were  growTi  using  A.R.  grade  ferric  nitrate  on  alumina  substrates 
attached  to  the  end  of  a  ceramic  thermocouple  sheath  located  in  the  centre  of  an 
externally  heated  vertical  alumina  tube  (  19  mm  i.d.).  The  reaction  mixtures  ( 
natural  gas,  pure  methane  or  A.R.  Grade  benzene  and  high  purity  hydrogen  )  were 
introduced  at  the  top  of  the  tube.  Benzene/hydrogen  mixtures  were  produced  by 
bubbling  the  latter  through  benzene  (A.R.  grade)  at  6  -  25  °C.  Other  mixtures  were 
established  using  flow  meters. 

The  substrates  were  wetted  with  0.1  M  ferric  nitrate  solution,  dried  in  air  at 
room  temperature  and  introduced  into  the  reactor,  which  was  purged  with  argon 
and  heated  to  the  reaction  temperature  (750  •  1150  °C)  over  a  period  of  about  30 
min.  For  making  fibres,  which  could  be  detected  visually,  selected 
hydrocarbon/hydrogen  mixtures  were  passed  through  the  system  for  about  1  hour. 
The  hydrogen  was  turned  off  and  the  hydrocarbon  feed  continued  for  another  5 
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minutes  (thickening  ).  Finally  the  system  was  purged  with  argon  and  the  beating 
turned  off.  For  primary  filaments  the  thickening  was  omitted.  At  the  end  of  a  run 
the  thermocouple  and  substrate  were  removed  and  the  overall  distribution,  length 
and  appearance  of  fibres  examined  with  optical  micrc^opy. 

The  samples  were  examined  in  a  HITACHI  S450-LB  scanning  electron 
microscope  (SEM)  fitted  with  a  Traycor  Northern  energy  dispersive  X-ray 
spectrometer.  The  fibres  were  either  left  on  the  substrate  or  they  were  removed  and 
attached  to  graphite  supports. 

Transmission  electron  microscopy  (TEM)  examination  was  carried  out  using  a 
JEOL  JEM  100-CX  microscope  operated  at  100  kV.  Samples  of  thickened  fibres  were 
ground  lightly  in  ethanol  and  drops  of  the  suspension  placed  on  holey  carbon  films 
supported  on  Cu-grids. 

Primary  filaments  were  not  visible  with  optical  microscopy  but  they  could  be 
detected  by  observing  pieces  of  grit  or  soot  which  appeared  to  be  suspended  in  mid 
air.  The  filaments  were  collected  by  moving  plain  copper  grids  through  the  space 
between  the  thermocouple  sheath  and  the  substrate  or  through  gaps  in  the  latter. 

RESULTS 


The  growth  and  nature  of  fibres  did  not  depend  on  the  hydrocarbon  used 
(methane,  natural  gas  or  benzene).  However,  the  iron  particles  varied  widely  in  size 
and  became  activated  throughout  an  experiment.  Therefore  fibres  varied  widely  in 
length,  and  diameter,  for  the  same  temperature  regime. 

When  the  metal  particles  were  small  (  ==10  nm  across  )  and  the  temperature 
was  in  the  range  1000  -  1150  ®C  the  morphology  of  the  fibres  was  similar  to  that 
reported  generally  in  the  literature.  Observations  on  fibres  broken  in  tension  revealed 
that  the  fibres  had  a  dual  nature.  The  bulk  of  a  fibre  was  usually  made  up  of 
concentric  layers  and  occasionally  the  primary  filament  protruded  like  a  "pig’s 
tail"  from  the  fracture  face  if  the  primary  filament  itself  was  ruptured;  but  extended 
as  a  taut  cord  if  it  was  still  held  by  some  obstacle  outside  the  field  of  view.  Often 
adjoining  filaments  appeared  to  have  become  fused  during  thickening. 

When  the  diameter  of  a  fibre  exceeded  «  1  pm  only  the  outer  layers  were 
transparent  to  the  electron  beam  in  the  TEM.  Diffraction  patterns  taken  from  these 
areas  or  from  fibres  which  were  thin  enough  to  be  transparent  to  the  electron  beam 
consisted  mainly  of  two  broadened  00/  type  arcs  normal  to  the  fibre  axis  together 
vrith  very  weak  diffuse  continuous  AOO  and  hkO  type  rings  (  Fig.la  ).  The  appearance 
of  the  patterns  did  not  change  if  a  fibre  was  rotated  about  its  axis. 

In  TEM  images  primary  filaments  could  also  be  seen  to  extend  from  fracture 
faces  of  thick  fibres.  Usually  only  one  but  occasionally  several  primary  filaments 
extended  from  what  appeared  to  be  a  circular  single  thick  fibre.  When  the  primary 
filament  itself  was  fractured,  it  could  be  seen  curled  back,  similar  to  the  appearance 
of  broken  primary  filaments  observed  in  the  SEM.  This  is  illustrated  in  Figure  lb 
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which  also  shows  that  thin  fragments  of  pyrolytic  carbon  were  sometimes  left  around 
the  primary  filament.  These  observations  indicate  that,  at  this  point,  the  strength  of 
vapour-deposited  fibres  resides  entirely  in  the  primary  filaments. 

The  primary  filaments  had  hollow  cores  (  Fig.  2a  )  and  in  diffraction  patterns 
{  Fig.  2b  )  the  00/  type  reflections  were  very  sharp  and  between  them  and  the  origin 
was  fine  detail  which  varied  with  the  inner  diameters  and  tube  walls  of  the  filaments. 
In  addition  the  /lOO  and  hldS  type  rings  were  broken  into  segments  of  spots  with  six¬ 
fold  symmetry.  These  spots  had  distinct  equatorial  tails  (  cf.  Figs,  la  and  2b  ).  The 
arrangement  of  segments  around  the  rings  show  that  in  these  primary  fibres  the  00/ 
type  planes  are  parallel  to  the  filament  axis  and  that  the  carbon  arrays  in  successive 
layers  are  rotated  with  respect  to  each  other. 

Primary  filaments  which  were  not  thickened  were  usually  of  uniform  thickness 
across  an  entire  TEM  grid,  2.3  mm.  These  filaments  were  very  flexible  and  were 
occasionally  arranged  in  bundles  which  readily  separated  on  bending  (  Fig.  3a  ). 
Diffraction  patterns  from  individual  filaments  were  the  same  as  shown  in  Figure  2b. 
Patterns  from  a  bundle  (  Fig.  3b  )  revealed  that  the  00/,  /lOO  and  hids  type  reflections 
were  as  expected  from  aligned  individual  fibres,  but  the  fine  detail  between  the  00/ 
type  reflections  and  the  origin  was  usually  not  resolved. 

When  the  metal  particles  were  large  (>=  50  nm),  intact  fibres  were 
indistinguishable  in  the  SEM  from  those  having  small  leading  iron  particles. 
However,  orientation  of  the  00/  type  planes  relative  to  the  fibre  axis  depended  on  the 
size  as  well  as  on  the  shape  of  the  leading  particle.  For  spherical  particles,  diffraction 
revealed  that  the  00/  type  planes  in  primary  filaments  were  inclined  to  the  filament 
axis.  As  a  result  these  filaments  broke  readily.  When  the  iron  particles  were 
acicular  the  00/  type  planes  were  aligned  parallel  to  the  filament  axis.  Irrespective  of 
the  orientation  of  00/  type  planes  in  primary  filaments,  the  pyrolytic  outer  material  in 
thickened  fibres  was  mainly  aligned  parallel  to  the  fibre  axis. 
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a)  TEM  diffraction  pattern  of  a  thickened  fibre  (beam  normal  to  fibre  axis); 
b)  TEM  image  of  a  broken  thickened  fibre;  the  primary  filament,  encircled  by  a 
piece  of  pyrolytic  carbon,  extends  from  the  fracture  face. 


a)  TEM  image  of  a  bundle  of  primary  fibres;  b)  TEM  diffraction  pattern  of 
the  filament  bundle;  the  arrow  in  a)  points  to  the  part  of  the  bundle  which 
contributes  to  the  pattern  (beam  normal  to  fibre  axis). 
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1.  Introduction 

We  wish  to  report  (1)  an  overview  of  four  generic  methods  which  were  known  in  the 
literature  or  de-veloped  by  us  concerning  the  fabrication  on  non-silica  or  low-silica  oxide  glass  fibers 
from  melts  having  viscosities  at  the  liquidus  ranging  from  <1  to  >10^  poise,  (2)  a  mechanism  we 
recently  proposed  with  regard  to  melt  spinning  of  strong,  oxide  glass  fibers  from  melts  having  low- 
viscosities  at  the  liquidus,  comparable  to  those  of  motor  oil  at  room  temperature,  and  (3)  the  potential 
of  aluminate  and  tellurite  fibers  made  by  one  of  these  fiber-forming  methods  as  new  infrared  optical 
fibers,  especially  for  the  infrared  range  above  3  |am. 

2.  Background 

In  the  field  of  alumina-based  optical  fibers  attention  has  only  been  paid  to  single  crystal 
sapphire  fibers  for  special  premium  applications,  but  none  to  optical  non-  or  low-silica  glass  fibers. 
Fabrication  of  sapphire  fibers  is  based  on  a  very  slow  process,  and  the  cost  of  the  product  is  ver>' 
high.  However,  calcium  aluminate  bulk  glasses  are  known  to  have  sapphire-like  infrared 
transmission  spectra,  and  if  the  correspon-ding  fibers  were  made  by  a  modem  melt  processing 
method,  they  might  be  less  costly  and  still  effective. 


*  Present  Address:  University  of  Illinois  at  Urbana-Champaign,  Department  of  Materials  Science 
and  Engineering,  204  Ceramics  Building,  105  South  Goodwin  Avenue,  Urbana,  Illinois  61801 
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Surprisingly,  many  calcium  aluminate  glass  fibers  with  30-80%  alumina  were  experimentally 
made  and  evaluated  by  several  groups  before  1970  for  structural,  but  not  optical,  uses.  Research  was 
aimed  at  identifying  compositions  of  alumina-based  fibers  having  a  higher  modulus  than  S-glass,  the 
highest  modulus  of  any  silica-based  fiber  then  on  record,  excluding  HM-glass  containing  toxic 
beryllia.  New  high  modulus  aluminate  fibers  were  identified  but  none  was  commercialized. 

The  excellent  work  that  was  done  between  1950  and  1970  is  accessible,  but  not  readily.  It  is 
recorded  in  a  series  of  unclassified  repons  to  several  government  agencies.  Only  one  publication 
appeared  in  a  refereed  journal,  and  deals  with  fiber  formation  and  glass  fiber  propenies.  It  is  an 
authoritative  source  but  it  is  not  readily  accessible  for  a  different  reason;  it  does  not  use  the  word 
"fibers"  in  its  title  or  abstract.  No  theoretical  analysis  was  provided  relating  composition  to  viscosity 
and  glass  formation,  or  composition  and  glass  fiber  modulus.  Interpretations  were  given  for  various 
phenomena,  but  our  analysis  shows  they  are  not  predictive. 

3.  Generic  Fiber  Processes 

Onoda  and  Brown  [1970]  show'ed  that  there  is  a  region  -45%  alumina  and  <5%  alumina  in 
the  calcia-alumina-silica  phase  diagram  with  very  high  melt  viscosities  (>10^  poise),  while  the 
remaining  compositions  have  very  low  melt  viscosities  (<5  poise).  Wallenberger,  Brown,  et  al. 
[1992]  proposed  that  (1)  calcium  alu-minate  glass  fibers  are  better  suited  for  IR  optical,  than  for 
structural  uses,  and  can  be  made  by  one  of  four  generic  melt  processes  as  shown  in  Figure  1,  and  (2) 
selection  of  a  preferred  process  for  a  given  composition  depends  only  on  its  viscosity  at  the  operating 
temperature,  where  it  should  be  -lO^  poise  as  for  silicate  fibers. 

Machlan  [1955]  was  able  to  identify  one  out  of  thousand  experimental,  quaternary,  low 
silica  compositions  as  having  a  sufficiently  high  viscosity  above  the  liquidus  to  obtain  glass  fibers  by 
spinning  them  through  an  orifice.  The  melt  viscosity  was  not  reported  but  the  melt  must  have  been 
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102  -1(P  poise  above  the  liquidus  like  a  silicate  melt.  In  summary,  even  the  highest  viscosities  in  the 
alumina  system  are  lower  than  those  in  the  silica  system  and  it  is  not  likely  that  this  fabrication 
method  will  be  useful  in  the  alumina  system. 

Onoda  and  Brown  [1970]  were  able  to  identify  about  sixty  out  of  three  hundred 
experimental,  quaternary  and  ternary,  low-silica  compositions  with  40-50%  alumina  and  <"5% 
alumina  having  fiber  forming  viscosities  (102  -10^  poise)  below  the  liquidus.  The  authors  did 
measure  the  viscosity  as  a  function  of  tempe-rature.  Glass  fibers  were  only  obtained  from  selected 
compositions  by  up-drawing  from  the  surface  of  super-cooled  melts,  and  a  continuous  process  was 
developed  for  structural,  single  component  fibers,  but  not  com-mercialized.  In  summary,  a  process 
is  available  but  it  is  difficult  to  fabricate  clad  optical  fibers  by  this  route. 

Wallenberger,  Weston  and  Brown  [1991]  reevaluated  up-drawing  from  supercooled  melts, 
and  made  glass  fibers  from  a  quaternary  non-silica  composition  with  46%  alumina  and  a  quaternary 
low  silica  compo-sition  with  42%  alumina.  They  also  succeeded  in  down-drawing  both  composition 
from  the  preforms  evident-ly  have  fiber-forming  viscosities  (102  -lO^  poise)  at,  but  not  above,  the 
liquidus.  In  summary,  silica  is  not  required  as  a  viscosity  builder  (network  former)  and  down¬ 
drawing  of  fibers  from  a  preform  might  become  the  method  of  choice  for  fibers  previously  up  drawn 
from  supercooled  melts.  Also,  clad  optical  fibers  are  more  readily  made  by  down-drawing  from  a 
preform  than  by  up-drawing  process  frm  a  supercooled  melt. 

TTie  vast  majority  of  glass  fibers,  especially  those  with  50-80%  alumina  have  low  melt 
viscosities  (<5  poise)  and  can  only  be  made  by  inviscid  melt  spinning,  a  process  whereby  a  low 
viscosity  Jet  is  ejected  into  propane,  a  chemically  reactive  medium.  The  pyrolytic  decomposition  of 
propane  stabilizes  the  molten  jet.  The  consolidated  fiber  has  a  carbon-rich  skin.  Wallenberger  et  al 
[1992]  reported  that  the  operative  mechanism  is  rheology-dominated.  Incorporation  of  particulate 
carbon  into  the  skin  of  the  jet  increases  its  surface  viscosity,  prevents  break-up  into  Rayleigh  waves 
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and  droplets,  and  facilitates  melt  spinning  of  continuous  filaments.  Carbon  may  ultimately  not  be  a 
suitable  surface  stabilizer  for  optical  fibers;  others  are  being  explored. 

4.  Infrared  Optical  Fibers 

Wallenberger  et  al.  [1991]  reported  the  infrared  transmission  of  calcium  aluminate  glass 
fibers  to  be  identical  with  those  of  comparable  commercial  bulk  glasses.  The  new  glass  fibers,  like 
similar  bulk  glasses,  have  sapphire-like  infrared  transmission  (Figure  2),  thus  potential  for  becoming 
a  high  volume  commodity  product.  Wallenberger,  Weston  and  Brown  [1992]  also  reponed  the 
successful  fabrication  of  tellurite  (telluria-alumina)  glass  fibers  by  up-drawing  from  supercooled 
melts.  In  summary,  the  exploration  of  optical  non-silica  oxide  glass  fibers  by  an  appropriate  generic 
process  is  now  open  to  exploration. 


Figure  1.  Generic  Fiber  Processes: 

Melt  Spinning  through  an  Orifice  (top,  left).  Up-drawing  from  a  Supercooled  Melt  (bottom 
Down-drawing  from  ^  Preform  (top,  right),&  Melt  Spinning  from  an  Inviscid  Melt  (bottom 


